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Abstract

Plastic Anisotropy and Kink Band Formation in Fine Grained Copper-Niobium

Multilayers Produced by Accumulative Roll Bonding

by

Thomas Joseph Nizolek

Metallic nanolaminates are a class of nanocrystalline materials composed

of alternating layers of two or more dissimilar metals. These materials offer

several advantages over traditional single phase nanocrystalline metals; their

lamellar architecture and often immiscible constituent phases provide improved

thermal stability and resistance to grain growth, while the nanocrystalline grain

size and high interfacial density impart ultra-high strength and hardness. Cu-

Nb nanolaminates synthesized via thin film deposition techniques have demon-

strated extraordinary mechanical properties including strengths in excess of 2

GPa and significant plasticity prior to failure. Yet the limited volumes and film

thicknesses (<40µm) of these deposited materials severely limit both mechani-

cal testing and the potential applications of these thin film nanolaminates.

In this work, an accumulative roll bonding (ARB) process was developed
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for synthesis of bulk Cu-Nb nanolaminates with layer thicknesses as small as

15 nm (containing over 200,000 individual layers through a 4 mm sheet thick-

ness). The microstructure of these ARB processed nanolaminates differs sig-

nificantly from previously investigated thin film nanolaminates, with dramatic

changes in crystallographic texture, decreases in grain size, and increases in

grain aspect ratio occurring throughout the ARB process. The bulk dimensions

of these nanolaminates facilitate characterization of mechanical properties, ma-

terial anisotropy, and deformation mechanisms using a suite of mechanical test

methods.

The effects of layer thickness on strength, anisotropy, and deformability are

investigated using bulk tensile and compression specimens of ARB Cu-Nb ma-

terial with layer thicknesses ranging from 1.8µm to 15 nm. A Hall-Petch type

relationship is observed for the materials studied, however significant mechan-

ical anisotropy is present in sub-100 nm nanolaminates. While the in-plane

anisotropy is found to result largely from the effects of deformation process-

ing induced crystallographic texture, the lamellar composite structure and grain

aspect ratio provides a second source of anisotropy and cause the layer-parallel

shear strength to diverge from that expected from a Hall-Petch analysis. The

low layer parallel shear strength drives a form of strain localization known as

kink banding during layer parallel compression.
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Kink bands are determined to be the dominant deformation mechanism dur-

ing layer parallel compression of nanolaminates with layer thicknesses below

100 nm. A description of the kinematics of kink band formation is developed

using observations from post-test microscopy and micropillar compression test-

ing. An analytical model for kink band formation in perfectly plastic anisotropic

materials is constructed based on these kinematics. The model predicts the ex-

perimentally observed kink band geometry and quantifies the driving force for

continued initiation of new kink bands. It is confirmed that kink band formation

can occur via volume preserving deformation, a result that indicates kinking is

a general deformation phenomenon in plastically anisotropic materials. Finally,

the phenomenon of kink band propagation is investigated using in situ SEM

compression tests and digital image correlation (DIC) strain mapping during

bulk compression testing. The DIC results provide a quantitative measure of the

strain fields in front of a propagating kink band. Analysis of the strain fields

indicates similarities between kink bands and mode II cracks, reveals the pres-

ence of a stress singularity at the tip of a propagating kink band, and points to

a significant additional component to the total energy dissipation during kink

band formation.
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Chapter 1

Introduction and Motivation

1.1 Metallic nanolaminates

Metallic nanolaminates, also referred to as ‘nanoscale metallic multilayers,’

are a class of nanocrystalline materials consisting of alternating layers of two or

more dissimilar metals [1]. Formally, the term nanolaminate applies to multilay-

ers in which the individual layer thickness is below 100 nm, thereby satisfying

the definition of a ‘nanomaterial’ (a material having a characteristic microstruc-

tural length scale below 100 nm) [2]. Yet multilayers with layer thicknesses

above 100 nm may posses grain sizes below 100 nm, satisfying the definition

of a nanocrystalline material but technically not that of a nanolaminate. For

1



the purpose of this work, the term ‘multilayers’ will be used to refer to lamellar

metal-metal composites regardless of layer thickness, while ‘nanolaminates’ will

refer to multilayers with an individual layer thickness below several microns.

Metallic nanolaminates have been shown to exhibit a variety of exceptional

properties including ultra high strengths (>2 GPa) [1, 3–5], appreciable plastic-

ity prior to failure [5–7], outstanding thermal stability [8–11], and resistance to

both shock induced damage [12] and radiation induced damage [13–16]. From

a structural materials perspective, the high strength of these materials is partic-

ularly attractive, with the maximum strength observed in many nanolaminate

systems lying within 30-50% of the theoretical strength [1]. These desirable me-

chanical and physical properties are attributed to the presence of a high density

of heterophase interfaces in nanolaminates, interfaces that influence dislocation

motion and point defect interactions [15, 17, 18]. Properties such as thermal

stability and radiation damage resistance can exceed even those of the con-

stituent phases in nanocrystalline form [10, 11, 13, 19], further demonstrating

the importance of these heterophase interfaces.

While metallic multilayers have been created using a variety of different

constituent phase combinations, multilayers consisting of copper (Cu) and nio-

bium (Nb) have received particular attention. Many investigations have focused

on the Cu-Nb system due to the limited solid solubility and the absence of

2
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Figure 1.1: Experimentally determined Cu-Nb phase diagram from 0-100% Nb
and 800-2600◦C . Adapted from Reference [20].

any intermetallic phases: advantageous properties that minimize diffusion in-

duced microstructural changes during thermal exposure or extreme deformation

[11, 18]. Figure 1.1 shows the Cu-Nb phase diagram, indicating very limited

solid solubility in this system (note that the minimum of the temperature range

shown in Figure 1.1 is 800◦C).

Another reason that Cu-Nb multilayers are attractive materials for study-

ing the behavior of metallic multilayers is that Cu has a face-centered cubic

crystal structure (FCC) while Nb has a body-centered cubic structure (BCC).

Thus the deformation behavior of Cu-Nb multilayers can be used to inform
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studies of FCC/BCC slip transmission and interface crystallography [18, 21–

23]. FCC-BCC composite microstructures occur frequently in industrially rele-

vant alloys such as brasses and dual-phase stainless steels, materials that are of

significant technological importance and have motivated previous studies into

the co-deformation of FCC-BCC composites [24]. Additionally, prior work on

wire drawing of Cu-Nb filamentary composites indicates excellent large strain

co-deformation [25, 25], suggesting that the Cu-Nb system is a good system

to attempt nanolaminate synthesis through deformation processing, a synthesis

technique discussed below.

1.2 Nanolaminate synthesis methods

The three primary synthesis methods for metallic nanolaminates are elec-

trodeposition (ED), physical vapor deposition (PVD), and deformation process-

ing. ED and PVD are both ‘bottom up’ processes, in which a nanolamellar mi-

crostructure is built atom by atom and layer by layer. In contrast, deformation

processing is a ‘top-down’ processing method, where a coarse microstructure

is transformed into a nanolamellar microstructure through deformation. Each

of these three methods possess certain advantages and drawbacks, as will be

discussed in the following sections.
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1.2.1 Electrodeposition

Electrodeposition, also known as electroplating, has been used extensively

[26–32] to produce biphasic laminated films and sheets, with one of the earliest

studies of ED laminate films being the 1921 work of Blum [33]. In electrodepo-

sition, current is passed from an anode to a cathode submerged in an electrolyte

containing dissolved metal salts (often sulfate, chlorides, or cyanides) in order

to deposit pure metals from the electrolyte solution onto the cathode [34]. The

formation of a layered biphasic deposit can be accomplished by either transfer-

ring a cathode back and forth between two separate baths, one for each metal

to be deposited, or by using a single bath containing two different metal salts

and varying current or potential to control which metal is deposited [26].

Metallic multilayers that have been synthesized using ED include Co-Cu

[27], Cu-Ni [29], Zn-Ni [35], Co-Au [26], and Co-Ru [26]. For laminates syn-

thesized using the single bath deposition technique, unwanted dissolution of a

recently deposited layer may occur when the current or voltage conditions are

changed in preparation for the deposition of the next metal, a problem that has

been encountered in attempts to deposit Ag-Cu multilayer films [35]. Further,

careful chemical control of the electrolyte is needed, and it is not possible to

create suitable baths for arbitrary combinations of metals [35, 36]. Dual bath
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synthesis eliminates the latter issue, yet introduces additional challenges relat-

ing to cleaning the cathode and preventing passivation during transfer between

the two plating baths. The transfer process increases the processing time for

dual bath multilayer synthesis and, while sometimes automated [35], this trans-

fer process has in many cases discouraged the synthesis of material with truly

nanoscale layer thicknesses. Thus while ED synthesis of nanolaminates can be

relatively rapid and cost effective for certain systems amenable to single bath

deposition (notably Cu-Cr and Cu-Ni), synthesis of nanolaminates of arbitrary

composition may require complex and costly dual bath processing and negate

the advantages of ED compared to other processing techniques. Additionally,

significant layer waviness may occur in the laminate films due to the effects of

grain orientation on deposition rate, as shown in Figure 1.2(a).

1.2.2 Physical vapor deposition

Physical vapor deposition (PVD), encompassing the techniques of magnetron

sputtering, electron beam evaporation, and molecular beam epitaxy [38], is the

most widely used method for synthesizing metallic multilayers [36]. In the case

of magnetron sputtering PVD, atoms are removed from a metallic target using

an argon plasma and are accelerated towards a substrate using a bias voltage.
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(a) (b)

(c)

Figure 1.2: Examples of metallic nanolaminates produced by various processing
methods. (a) Cross section of an electrodeposition Cu-Ni nanolaminate with a
layer thickness 100 nm, reproduced from Reference [31] with permission from
The Electrochemical Society. (b) A transmission election micrograph of a cross-
sectioned 75 nm physical vapor deposited Cu-Nb nanolaminate from Reference
[17], reproduced with permission from Elsevier. (c) A transmission election
micrograph of a cold rolled Ag-Fe nanolaminate with a layer thickness of 10 nm
reproduced from Reference [37] with permission from the American Institute of
Physics.
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The substrate, often a silicon wafer, may be heated and rotated during deposi-

tion. Deposition of biphasic laminates is accomplished by using two different

sputtering targets and either moving the substrate back and forth between the

two sources, or by using shutters to blank the sputtering guns in an alternat-

ing manner [1]. The advantages of PVD multilayer synthesis include excellent

cleanliness (the base vacuum pressure in a PVD systems is typically 10−8 torr),

precise control of layer thickness and layer thickness uniformity, and the ability

to alter substrate temperature during growth. The disadvantages of this tech-

nique include significant expense and slow deposition rates (typical deposition

rates are ∼0.1 nm/s) [36].

PVD processing has allowed for the synthesis of an extremely large variety

of metallic laminates; examples of nanolaminates (listing only Cu-X type lam-

inates) include Cu-Nb [11], Cu-Cr [39], Cu-Ni [3], Cu-Co [38], Cu-Mo [40],

Cu-Ta [41], Cu-W [42], Cu-V [43], and Cu-Au [44]. An image of a Cu-Nb

nanolaminate produced via PVD is shown in Figure 1.2(b). The ability to cre-

ate nearly unlimited combinations of constituent phases, combined with precise

layer thickness control, is a tremendous advantage of the PVD process. Yet, the

slow deposition rate severely limits the volumes of material that can be pro-

duced (synthesis of a 40µm thick film would require over 100 hours to grow,

assuming a deposition rate of 0.1 nm/s). Further, significant layer waviness can
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occur during PVD multilayer growth, with the wavelength and amplitude of

these undulations increasing with film thickness [36, 45]. The waviness alters

the interface crystallography [45], is expected to affect the mechanical response

of the multilayers [36], and scales with film thickness. Therefore PVD nanolam-

inate films thicker than 40µm are seldom produced.

1.2.3 Deformation processing

The third nanolaminate synthesis method is that of microstructural refine-

ment through deformation processing. Two of the earliest examples of this

method are the investigations Sahay [46] and Yasuna [37]. Sahay created

brass-steel nanolaminates by diffusion bonding a stack of initially 25µm foils

followed by cold rolling the bonded laminate to create sub-micron layers (layer

thicknesses of 400-170 nm) [46]. Yasuna used a similar process but conducted

multiple iterations of the stacking, bonding, and rolling procedure to produce

Fe-Ag laminates with layer thicknesses as small as 10 nm (Figure 1.2(c)) [37].

While even earlier works explored microstructural refinement of ‘in-situ compos-

ite’ eutectic/eutectoid materials through plastic deformation [47–49] (notably

cold drawn/rolled pearlitic steels [48] and rolled Ag-Cu eutectic alloys [49]),

the discontinuous pseudo-lamellar structure of these materials stands in con-
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trast to the continuous laminates produced by repeated stacking and rolling of

elemental foils and will not be discussed further.

Synthesis of metallic nanolaminates through deformation processing was

greatly facilitated by the advent of the accumulative roll bonding (ARB) pro-

cess. This process, the development of which is attributed to Saito, Tsuji, and

co-workers [50–53], substituted roll bonding for diffusion press bonding, en-

abling both bonding of the layers and reduction of the layer thickness to be

accomplished in a single step. While initially applied to single phase materials,

ARB was successfully used to create Cu-Nb nanolaminates with relatively coarse

layers (20-0.2µm) by Lim in 2009 [54]. Attempts to apply the ARB process to

nanolaminate synthesis of other material systems, including Al-steel [55], Al-Ti

[56, 57], Al-Cu [58], Al-Zn [59], Cu-Zr [60], Mg-Ti [61], Ni-Cu [62], Ni-Al [63],

Zr-Ti, Zr-Ni, and Zr-Al [64], have met with mixed success due to the tendency

for layer fragmentation during deformation.

An advantage of the ARB process for nanolaminate synthesis is that, in con-

trast to PVD or ED methods, bulk sheets of nanolaminates can be produced. The

process is industry scalable and uses conventional bulk deformation process-

ing equipment. The disadvantages, or at least complications, are considerable.

First, co-deformation is needed to maintain layer continuity during processing

and requires that the materials used for nanolaminate synthesis possess sim-
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ilar mechanical properties. Secondly, microstructural evolution occurs during

processing that is considerably more complex than microstructure formation

during PVD nanolaminate synthesis [18]. Third, the extreme strains that are

responsible for the microstructural refinement can cause intermixing in some

systems [36]. Therefore ARB processing is most readily applied to the synthesis

of nanolaminates with constitutive phases that are immiscible.

While the PVD, ED, and ARB synthesis processes have their individual advan-

tages, ARB is the only technique capable of producing truly bulk nanolaminates

suitable for structural applications. The Cu-Nb system, with very limited solid

solubility and a lack of intermetallics, offers an attractive model system for in-

vestigating the potential for ARB synthesis of bulk nanolaminates with layer

thickness below 100 nm. While significant prior work has indicated that Cu-Nb

nanolaminates synthesized via PVD show extraordinary properties, differences

in microstructure and mechanical properties may arise from altering the syn-

thesis technique from PVD to ARB. Therefore the practicability of ARB Cu-Nb

nanolaminate synthesis, the effects of ARB processing on microstructure, and

the resultant mechanical properties and deformation behavior of ARB Cu-Nb

nanolaminates will be investigated in this work. In order to provide further

context for the results of these investigations, the microstructure, mechanical

behavior, and deformation mechanisms reported for PVD nanolaminates will be
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summarized in the following section, with particular emphasis on PVD Cu-Nb

nanolaminates.

1.3 PVD thin film microstructure and mechanical

behavior

The microstructures of thin film nanolaminates, while varying depending on

the system, are typically polycrystalline and in-plane isotropic. For the case of

Cu-Nb PVD nanolaminates, both phases consist of columnar grains with a strong

{111} Cu texture and {110} Nb texture. That is, the in-plane orientations of each

grain in the individual phases is random, but the crystallographic direction nor-

mal to the film (the growth direction) is [111] for Cu and [110] for Nb. The

copper-niobium interfaces have been found to adopt a Kurjumov-Sachs orienta-

tion relationship with {111}Cu‖{110}Nb [110]Cu‖[111]Nb. The in-plane isotropic

microstructure of these PVD Cu-Nb films greatly simplifies investigations of the

mechanical response, as it limits the anisotropy of the nanolaminate material.

Similar columnar grain structures are observed in other PVD films, although the

texture and interface crystallography are dependent on the crystal structures of

the deposited materials [3, 65].
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Due to limitation imposed by the geometry of thin films, the vast majority

of mechanical testing that has been conducted on nanolaminates has consisted

of nanoindentation. Nanoindentation is capable of determining the hardness,

elastic modulus, and (through the use of the empirical Tabor factor relating flow

strength to hardness) the flow stress of a material [65–67]. However, it is either

difficult or impossible to investigate work hardening, anisotropy, ductility, or

deformation mechanisms such as shear localization. Further, the stress state un-

der a nanoindent is complex, and significant experimental evidence has shown

that the deformation during nanoindentation can be strikingly inhomogeneous,

even in ductile metallic nanolaminates [68–70]. A review of recent mechanical

tests, however, has shown that the flow stress estimated from nanoindentation

hardness testing is in good agreement with the flow stress determined through

micropillar compression normal to the layers and free-standing thin film ten-

sile tests parallel to the layers for the specific case of PVD Cu-Nb nanolaminates

[36]. It should be noted that this agreement may be a fortuitous effect of the

sample orientations tested and the limited plastic anisotropy of these nanolam-

inates; certainly in the general case, where pronounced plastic anisotropy may

exist, agreement between flow stresses estimated from indentation and ten-

sion/compression tests is not guaranteed. Nevertheless, early investigations into

the mechanical properties of Cu-Nb multilayers relied exclusively on nanoin-
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dentation [71], and dislocation based models for multilayer deformation were

developed to fit flow strength data derived from these hardness measurements.

1.3.1 Strength versus layer thickness

An increase in yield strength or flow stress with decreasing layer thickness

has been observed in a wide variety of metallic nanolaminates. Figure 1.3 shows

a plot of hardness versus the inverse square root of the layer thickness for many

nanolaminate systems synthesized via PVD, while Table 1.1 shows the tabulated

maximum hardness observed in each material system. The trend evident from

Figure 1.3 is that small layer thicknesses lead to higher hardnesses and there-

fore higher flow stresses [67]. Significant differences in hardness are observed

across the various systems, with the strength of Ta-V and Co-Mo being sub-

stantially higher than other systems with comparable layer thicknesses (Table

1.1). This suggests that other considerations such as interface crystallography,

residual stresses, and defects may play an important role in determining the

mechanical response of these materials [36].

A clearer picture of the strength versus layer thickness relationship is pro-

vided by focusing on a single system: PVD Cu-Nb nanolaminates. Figure 1.4

shows a plot of flow strength versus the inverse square root of the layer thick-
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Figure 1.3: A plot of hardness versus inverse square root of the layer thickness
for a variety of metallic nanolaminates with equal phase fractions, reproduced
from Reference [36] with permission from Springer. For information on the
references shown in the figure, refer to the original work.

Table 1.1: Peak hardness observed in various PVD multilayer systems with equal
phase fractions. Table adapted from Reference [36] (see Reference [36] for
original data sources).

System
Crystal

structure
Layer thickness

(nm)
Hardness

(GPa)
Fabrication

method
Al-Ag FCC/FCC 1.0 5.7 Sputtering

Mg-Nb HCP/BCC 2.5 2.3 Sputtering
Al-Nb FCC/BCC 2.5 4.5 Sputtering
Cu-Nb FCC/BCC 2.5 6.8 Sputtering
Cu-V FCC/BCC 2.5 5.2 Sputtering
Ag-Ni FCC/FCC 5.0 5.5 Sputtering
Ta-V BCC/BCC 1.5 12 Sputtering

Cu-Ni FCC/FCC 3.0 6.8 Evaporation
Cu-Cr FCC/BCC 2.5 6.9 Sputtering
Co-Mo HCP/BCC 4.0 11 Evaporation
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ness for PVD Cu-Nb nanolaminates, with data obtained from nanoindentation

hardness data. The flow strength of material with layer thicknesses greater

than ∼100 nm follows a linear relationship with layer thickness, as shown by

the solid line in Figure 1.4. This trend is consistent with the Hall-Petch equa-

tion (Equation 1.1) which describes the relationship between the grain size and

yield strength of a material [72, 73]. In this equation, σy is the material yield

strength, σ0 is an intrinsic stress resisting dislocation motion within a grain,

Ky is the Hall-Petch coefficient which provides a measure of the strengthening

effect of the boundaries, and d is the grain diameter. Equation 1.1 has been

applied to multilayers by substituting the layer thickness h in place of grain

diameter [17, 71]. Strictly speaking this equation should apply only to multi-

layers consisting of single crystalline lamella. Nevertheless many investigators

have observed a linear relationship between yield strength and layer size, effec-

tively grouping all non-interphase interface strengthening mechanisms in the σ0

term.

σy = σ0 +Kyd
−1
2 (1.1)
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Figure 1.4: Hardness versus layer thickness plot for PVD Cu-Nb nanolaminates,
reproduced from Reference [17] with permission from Elsevier. All data ob-
tained from nanoindentation hardness tests.
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1.3.2 Dislocation models for sub-100 nm nanolaminates

At layer thicknesses below 100 nm, two alternate dislocation mechanisms

have been proposed to explain the strength of nanolaminates. At the finest

length scales (layer thicknesses below several nanometers), a plateau in yield

strength has been observed, as shown in Figure 1.4. For PVD Cu-Nb multilay-

ers this maximum corresponds to a yield strength of 2.6 GPa and occurs below

5 nm [17]. The insensitivity of yield strength to layer thickness in this regime is

attributed to the deformation mechanism of single dislocations crossing Cu-Nb

interfaces [17]. The absorption of a single dislocation into the interface results

in dislocation core spreading via local interfacial shear, and a large applied stress

is necessary for further glide into an adjacent layer. The stress required for an

interface crossing event has been explored using molecular dynamics simula-

tions and has been found to be in the range of 4-5 GPa [17]. The experimentally

observed lower yield stress has been attributed to thermal activation [17].

An additional description of dislocation motion, the confined layer slip (CLS)

model, has been proposed to bridge the gap between the dislocation pile-up

(Hall-Petch) regime and the dislocation transmission regime. The CLS model

is based on the work of Freund and Nix on dislocation motion in thin films

[74, 75], and is believed to be operative in nanolaminates with layer thick-
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nesses in between 5 and 100 nm [17]. In this model, deformation is attributed

to individual dislocation loops gliding within a layer, depositing residual dislo-

cations at the interfaces. The applied stress necessary to propagate a dislocation

loop confined within a layer bounded by two identical interfaces is given by an

energy balance between the work done by the stress in a film when a dislo-

cation moves and the work required to generate two trailing misfit dislocation

segments [17, 75, 76]. In the analysis of Misra [17], the incorporation of a suit-

able residual dislocation self energy yields Equation 1.2 for the stress required

for CLS. In this equation τcls is the resolved shear stress on the dislocation glide

plane, b is the burgers vector, h′ is the layer thickness measured parallel to the

glide plane, µ is the shear modulus, ν is the Poisson’s ratio, and α is a core cut

off parameter ranging between 0 and 1 (1 corresponds to a compact dislocation

core). Using α =1, it was observed that Equation 1.2 does not provide a good

fit for PVD Cu-Nb flow strengths measured via nanoindentation [17].

τcls =
µb

8πh′
4− ν
1− ν

ln
αh
′

b
(1.2)

In order to bring the predicted confined layer slip stress into agreement with

the experimental results, Misra et al. increased the core cut-off radius to account

for dislocation core spreading at the Cu-Nb interface, added an interface stress
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term, and incorporated a simplified expression for the interaction of the disloca-

tion loop with pre-existing residual dislocations at the interface. The final result

is shown in Equation 1.3, where h is the layer thickness, f is the interface stress,

and λ is the spacing of preexisting residual dislocations.

τcls =
µb

8πh′
4− ν
1− ν

ln
αh
′

b
− f

h
+

µb
1−ν

λ
(1.3)

The results were found to be in very good agreement with the observed

relationship between flow strength and layer size. It should be noted, however,

that the pre-existing dislocation spacing λ behaves as a fitting parameter in this

equation.

1.3.3 PVD Cu-Nb nanolaminate anisotropy and deformation

behavior

The extensive use of nanoindentation testing has allowed the effects of layer

size on hardness and flow strength to be determined and has informed the con-

struction of dislocation based strength models. Yet these tests do not provide

information regarding material anisotropy, ductility, or flow localization and

failure mechanisms. While information about these aspects of the mechanical

behavior of PVD Cu-Nb nanolaminates is limited, a few investigators have con-
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ducted micropillar compression tests as well as free-standing thin film tensile

tests on PVD Cu-Nb nanolaminates. Mara [77] performed tensile tests of 15µm

thick PVD films of Cu-Nb nanolaminates with a 40 nm layer thickness. High flow

strengths of 1.5 GPa were reported with relatively low strains to failure of 3.4%.

The low ductility was attributed to the low work hardening rate of the material,

with failure occurring nearly at the strain level predicted from the Considère

criterion for plastic instability during tension [77].

Micropillar compression tests of PVD Cu-Nb nanolaminates have also been

reported. These compression tests have been conducted on pillars with the stress

axis aligned with the layer normal direction [5, 78], as well as on pillars in

which the layers are inclined by 45◦ to the stress axis [79]. Layer normal com-

pression tests of a 5 nm PVD Cu-Nb nanolaminate indicated that these materials

show excellent deformability in compression, with high strength (2.4 GPa) and

large strains to failure (∼25%) reported [5]. The failure mechanism in both 5

and 40 nm layer thickness PVD laminate micropillar specimens was shear band

formation, as shown in Figure 1.5 [78]. While mechanical anisotropy of PVD

Cu-Nb nanolaminates is limited due to their in-plane isotropic grain morphol-

ogy and texture, micropillar compression tests conducted at 45◦ to the layer

orientation of 5 nm layer thickness nanolaminates indicated that the layer par-

allel shear strength of these materials is low [79]. The compressive strength
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of these off-axis pillars was ∼1.7 GPa, significantly lower than the compressive

strength of pillars compressed normal to the layer orientation (∼2.4 GPa) [79].

The low layer parallel shear strength of these materials is attributed to inter-

face sliding, a mechanism that has been predicted to occur at the atomically

flat interfaces in PVD Cu-Nb nanolaminates [80]. These interface shear strength

predictions were made using atomistic modeling of perfect Cu and Nb crystals

joined together according to the experimentally observed interface orientation

relationship. Incremental shear displacements along various directions were ap-

plied to the model, and the atomic structure was allowed to relax after each

increment. The shear strength was taken to be the stress at which irreversible

sliding along the interface occurred [80].

(b)(a)

Figure 1.5: Shear band formation in PVD Cu-Nb nanolaminates. (a) shows a
5 nm PVD Cu-Nb micropillar compression specimen tested to failure, reproduced
from Reference [5] with permission from the American Institute of Physics. (b)
shows a transmission electron micrograph of a shear band in a 40 nm PVD
nanolaminate post-test pillar cross-section, reproduced from Reference [78]
with permission from the American Institute of Physics.
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1.4 Bulk ARB nanolaminates: unresolved issues

While the mechanical testing discussed in the previous section provides in-

sight into the deformation behavior and deformation mechanisms in thin film

PVD Cu-Nb nanolaminates, the behavior of ARB processed nanolaminates is

expected to be considerably more complex. This expectation is based on con-

sideration of the processing method symmetry elements, the effect of ‘top-down’

versus ‘bottom up’ processing, and the relative influence of thermodynamics and

kinetics.

The symmetry of a synthesis technique influences the microstructural sym-

metry in the resultant material. In PVD synthesis of polycrystalline films, line

of sight deposition of atoms on a substrate from a sputtering source centered

far above the substrate can be expected to produce an in-plane isotropic poly-

crystalline film (neglecting potential effects of substrate anisotropy). In this ide-

alized scenario [65], the growth flux is uniform, the orientations of the initial

clusters or islands of deposited atoms on the substrate is random in-plane, and

the resulting grain structure and texture of the polycrystalline film produced as

the islands coalesce is also in-plane isotropic. While there may be a distinct out

of plane preferred crystallographic orientation and a different out of plane grain

diameter (columnar grain height), there is no directionality of the processing
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technique from which an in plane anisotropic microstructure could result. In

contrast, the idealized plane strain deformation process of rolling can be ex-

pected to produce orthotropic symmetry in a rolled polycrystal, both in texture

and grain morphology (assuming that the initial polycrystal prior to rolling is

isotropic) [81]. This reduction in symmetry, compared to in-plane isotropy, has

significant implications for mechanical property determination: the yield stress,

flow stress, and strain hardening rate during compression along three orthogo-

nal directions may all be significantly different in an orthotropic material. Small

reductions in symmetry lead to significant complications in describing and mea-

suring mechanical properties [81].

The ‘top down’ nature of deformation processing also indicates that the mi-

crostructure and behavior of ARB nanolaminates will be significantly more com-

plex than their PVD counterparts. In PVD, material is deposited until a desired

layer thickness is achieved, at which point deposition of the next layer begins.

Each layer is built up to the desired thickness using the same deposition parame-

ters. Thus the only difference between a 100 nm layer in a large layer thickness

nanolaminate and a 50 nm layer in a smaller layer thickness nanolaminate is

that an additional 50 nm of material has been deposited. In that a 100 nm layer

contains a 50 nm thick region identical to the 50 nm layer, the resulting struc-

ture is required to possess some similarity. In contrast, a top down deformation
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process starts with a coarse microstructure and uses a homogeneous deforma-

tion to refine the structure. Thus in ARB, a 50 nm layer thickness nanolaminate

is produced from a 100 nm layer thickness nanolaminate. The effects of this ho-

mogeneous deformation may significantly alter the microstructure of the entire

layer, and it is not required that any region within a 100 nm layer posses mi-

crostructural similarity to a 50 nm layer. Therefore the effects of layer thickness

on mechanical properties may be more pronounced for ARB nanolaminates due

to microstructural evolution within the layers during processing.

Finally, the microstructure of ARB nanolaminates evolves during processing

through the combined effects of thermodynamics and kinetic processes. While

interfacial energy considerations play a role in determining the structure of ARB

processed nanolaminates, structure evolution is also expected to be significantly

influenced by phenomena such as dislocation nucleation and propagation, re-

covery, and recrystallization [18]. In low deposition rate PVD film growth, the

effects of surface energy and lattice mismatch largely determine the interfa-

cial orientation relationship [18], although surface diffusion during film growth

must be considered to explain grain morphology [65]. Nevertheless, the intro-

duction of the effects of dislocation motion and slip system activity during ARB

nanolaminate synthesis is expected to lead to more complex microstructures

than those observed in PVD nanolaminate films.
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In the remainder of this thesis, investigations on the practicability of the ARB

process as a means of synthesizing metallic nanolaminates, the microstructure

evolution during ARB processing of Cu-Nb nanolaminates, and the mechani-

cal behavior and deformation mechanisms of ARB Cu-Nb nanolaminates will

be presented. Microstructural evolution during ARB processing is indeed com-

plex, with changes in crystallography and grain morphology occurring as a func-

tion of processing history. Characterization of the mechanical behavior of ARB

Cu-Nb nanolaminates with layer thicknesses ranging from 1800 to 15 nm indi-

cates that these microstructural changes strongly influence the strength of the

nanolaminates, with significant mechanical anisotropy being observed in sub-

100 nm layer thickness materials. This anisotropy drives an unusual form of

strain localization known as kink band formation, a phenomenon that will be

discussed in detail.
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Chapter 2

Experimental and Simulation

Procedures

In this chapter, the material compositions, microstructural analysis methods,

and mechanical test procedures are given for ARB processed nanolaminates. The

techniques used for in-situ compression testing are described, as are the meth-

ods and parameters used for mechanical property simulation. While the accu-

mulative roll bonding process itself falls under the category of an experimental

procedure, discussion of this process warrants a separate chapter (Chapter 3).
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2.1 Compositions of starting materials

Starting materials used for ARB processing of Cu-Nb and Zr-Nb nanolami-

nates were obtained with as high a purity as practicable given the volumes of

material required.

Cu was obtained in the form of cold rolled, 3.17 mm thick sheets conform-

ing to ASTM B170 and UNS C10100 composition standards from Revere Copper

Products Inc (Rome, NY, USA). The chemical analysis, as reported by the man-

ufacturer, is listed in Table 2.1. The as-received Cu sheets were cold rolled to a

final thickness of either 1 or 2 mm and annealed at 450◦C .

Nb was obtained from ATI Wah Chang, Allegheny Technologies (Albany, OR,

USA). The Nb was supplied as a fully recrystallized sheet with a thickness of

3.10 mm. The material had a residual resistivity ratio (‘RRR’ value, an industri-

ally used proxy for purity [82]) of 456-476 and chemical composition as listed in

Table 2.2. The Nb sheet was sheared into approximately 15 x 33 cm sections and

cold rolled to a thickness of 2 mm in the Sigma facility at Los Alamos National

Laboratory (LANL). The material was annealed at 950◦C in order to achieve a

flow stress comparable to that of the Cu starting material.

Very high purity zirconium, used during ARB synthesis of Zr-Nb nanolam-

inates, was obtained from David Alexander (LANL, MST-6) as no commercial
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suppliers contacted were capable of producing zirconium with the desired purity

and dimensions. The material was received in the form of an 80 mm diameter

electron beam melted ingot with a length of 100 mm with a chemical compo-

sition listed in Table 2.3 (as reported in previous chemical analysis [83]). The

ingot was upset forged and clock-rolled (a rolling process in which the rolled

material is rotated after every pass to vary the rolling direction) to a thickness

of 1 mm with several intermediate annealing steps. The final rolled sheet was

annealed at 550◦C for 1 hour.

Table 2.1: Impurity concentrations in Cu starting material. All concentrations
are given in parts per million by weight.

Ag S Fe Ni O As Sb Se P Sn Te
Cu < 25 < 15 < 10 < 10 < 5 < 5 < 4 < 3 < 3 < 2 < 2

Table 2.2: Impurity concentrations in Nb starting material. All concentrations
are given in parts per million by weight.

Ta O Ti W Zr Hf Mo Fe C N
Nb 110 < 40 < 30 < 30 < 30 < 30 < 30 < 25 < 20 < 20

Table 2.3: Impurity concentrations in Zr starting material. All concentrations
are given in parts per million by weight.

Fe V O Hf C Al N
Zr < 50 < 50 < 50 35 22 < 20 < 20
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2.2 Heat treatments

Annealing heat treatments were conducted on the starting materials for ARB

processing, Zr-Nb nanolaminates in between ARB processing steps, and select

Cu-Nb nanolaminate mechanical test specimens. Annealing of all starting ma-

terials for ARB as well as the Zr-Nb nanolaminates was conducted in a high

temperature vacuum furnace (Advanced Thermal Technologies, Inc Brew Asso-

ciates model 912) with a molybdenum hot zone and argon quench capabilities.

Annealing of small mechanical test specimens was conducted at 400◦C for 30

minutes in a quartz tube furnace under argon atmosphere with a 10◦C heating

and cooling ramp rate.

2.3 Microstructural characterization

2.3.1 Metallographic preparation

Metallographic preparation of Cu-Nb nanolaminates is challenging due to

the tendency of abrasive media to embed in pure Cu and Nb, the tendency for

surface relief between the layers during polishing, and the wide range of layer

thicknesses and therefore material hardnesses. Since the quality and accuracy of

microstructural characterization, particularly surface sensitive characterization
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such as EBSD, is dependent on the quality of the metallographic preparation,

the preparation procedure will be given in detail.

All metallographic specimens were mounted in ‘cold-mount’ metallographic

epoxy (Buehler ‘Epo-Thin’ two part metallographic epoxy). Conventional hot

mounting compounds were never used as the elevated temperatures for ther-

mosetting compounds (155◦C) was found to induce recrystallization of the

severely deformed copper layers in certain specimens.

Rough grinding of the specimens was conducted using silicon carbide met-

allographic papers (240-1200 grit) with water coolant. Ground specimens were

polished using 3µm polycrystalline diamond suspension (Metadi, Buehler Ltd.)

on a low-nap ‘TexMet’ polishing cloth (Buehler Ltd.). Vibratory polishing was

conducted using a 0.3µm aluminum oxide slurry on a ‘MicroCloth’ polishing

cloth (Buehler Ltd.) for 2 hours followed by vibratory polishing using a 0.05µm

colloidal silica suspension on a ‘MasterTex’ polishing cloth (Buehler Ltd.) for

30-60 minutes. This procedure was found to yield specimens suitable for all

characterization techniques and allowed for the collection of high quality EBSD

patterns.

A similar procedure was used for the preparation of Zr-Nb nanolaminates

however an additional polishing step using 9µm diamond suspension was con-
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ducted after grinding. Vibratory polishing was found to be extremely helpful

for removing surface deformation, however separate colloidal silica suspensions

must be used for Zr-Nb and Cu-Nb samples. Attempts to polish Zr-Nb using sus-

pensions previously used for polishing Cu-Nb resulted in a thin surface layer of

copper plating out onto the Zr layers.

2.3.2 Light optical microscopy

Light optical microscopy (LOM) was found to be an invaluable tool for the

rapid assessment of both bond quality and layer continuity during ARB process

development as well as characterization of strain localization in mechanical test

specimens. LOM was conducted using a Leica MEF4M inverted metallographic

microscope and a Zeiss Axiomat microscope with polarized light capabilities.

While the inherent resolution limitation imposed by the wavelength of light

would suggest that light optical microscopy would be unsuitable for the study

of nanolaminates with sub-micron layer thickness, metallographically prepared

Cu-Nb nanolaminates with layer thickness below 250 nm polarize reflected light.

As this polarization is dependent on the orientation of the layers, orientation

changes in the layered structure are clearly revealed using cross-polarized light

optical microscopy. Thus while the individual layers are not resolvable, informa-
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tion regarding the layer orientation can be obtained. The observed polarization

of light is attributed to the fine periodic surface relief that occurs during the

final polishing of these biphasic materials. Similar effects due to surface relief

have been observed in certain etched metals [84] as well as etched lamellar

structures such as pearlite [85].

2.3.3 Scanning electron microscopy

Scanning electron microscopy was conducted using an FEI XL-30 scanning

electron microscope (SEM) equipped with an FEI backscatter electron (BSE) de-

tector and energy dispersive spectroscopy (EDS) detector. Due to the difference

in atomic number between Cu (29) and Nb (41), BSE imaging using an accel-

erating voltage of 15 kV was found to be the most effective imaging method for

analyzing the lamellar structure.

2.3.4 Electron backscatter diffraction

Electron backscatter diffraction (EBSD) is a characterization technique that

allows determination and mapping of the crystallographic grain orientation at

the surface of a metallographic specimen. EBSD requires a deformation free

surface so that backscattered electrons can diffract through a thin surface layer
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of the specimen (10’s of nm), and form an indexable Kikuchi pattern on a phos-

phor detector. EBSD analysis was conducted in a FEI XL-30 microscope using

an TSL/EDAX Digiview EBSD camera. An accelerating voltage of 20 kV, 50µm

aperture, and 4 × 4 pattern binning were found to yield acceptable pattern

indexing.

2.4 Tensile and compression testing

Tensile specimens with the tensile axis parallel to either the rolling direc-

tion (RD) or transverse direction (TD) of the rolled Cu-Nb nanolaminate plates

were prepared by electro-discharge machining (EDM) and ground using 15 µm

abrasive papers to remove damage from the machining operation. The final

gauge dimensions measured 1.25 × 4.0 × 14.2 mm as shown in Figure 2.1(a)

The specimens possessed a similar gauge length to width ratio as the ASTM

standard geometry while conforming to the constraints imposed by available

material dimensions. Displacement controlled tensile tests were conducted on a

servo-hydraulic load frame using hydraulic wedge grips and a laser extensome-

ter (Electronic Instrument Research model LE-01) for measuring the distance

between two retro-reflective tapes applied to the ends of the specimen gauge.

The initial strain rate was 10−3s−1 and all samples failed within the gauge.
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Figure 2.1: Geometry of tensile (a) and compression (b,c) specimens.

Compression specimens with a square cross-section and a 2:1 height to width

aspect ratio were EDM cut from the rolled laminate plate at various orientations

to allow layer parallel compression tests, layer normal compression tests, and

compression tests at various angles to the layered structure. Due to the lim-

ited sheet thickness of the rolled material and the desire to use specimens as

large as practicable for each orientation, two specimen sizes were used. The

largest, shown in 2.1(b), measured 7.2 × 3.6 × 3.6 mm. A scaled geometry,

shown in 2.1(c), was used for all layer normal and off-axis compression speci-

mens. All specimens were carefully aligned with respect to the layer orientation

and fixtured during machining to ensure good parallelism. Potential damage

from the machining operation was removed via metallographic polishing. All

compression test specimens were annealed at 400◦C for 30 minutes in order to

strengthen the most recently bonded interfaces and inhibit delamination.

35



All compression tests were conducted on an MTS servo-hydraulic load frame

under displacement control. The initial strain rate was 10−3s−1 for all specimens

with the exception of those used for digital image correlation based strain map-

ping (see Section 2.6). A molybdenum disulfide lubricant was applied to the

specimen ends in order to minimize friction between the specimen and com-

pression platen. Initial compression tests were carried out between one fixed

platen and one self-aligning hemispherical tungsten carbide platen in order to

eliminate misalignments and promote a uniaxial stress state. Due to the pro-

nounced inhomogeneous deformation exhibited by many of the compression

specimens, the self-aligning platen was replaced with a fixed platen for subse-

quent tests. The rationale for this modification was that if a state of uniaxial

compression cannot be maintained due to strain localization, the invariant con-

straint imposed by rigid non-rotatable compression platens is preferable to that

provided by the self-aligning type platens which may rotate during large strain

deformation of the specimens. The type of end constraint used will be indicated

as the results are presented.
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2.5 In situ SEM and micropillar compression test-

ing

Two types of SEM compression tests were conducted at Los Alamos National

Laboratory: 1) In situ SEM compression tests of bulk specimens and 2) micro

pillar compression tests conducted on focused ion beam (FIB) milled pedestals.

Specimens for in situ SEM compression testing were prepared from 65 and

30 nm Cu-Nb nanolaminate material by EDM cutting, lapping, and polishing

using a Multiprep lapping machine (Allied High Tech Products Inc. Compton,

CA). The final specimens measured 1 × 1 × 2.5 mm. The compression axis

(longest dimension) of the specimens was parallel to the transverse direction of

the rolled plates. Specimens were compressed between hardened steel platens

using an MTI Instruments Fullam 1000 lb capacity SEM tension/compression

sub-stage with a 300 lb capacity load cell and a linear variable differential trans-

former (LVDT). The stage was driven using a variable output DC power supply.

Due to severe compliance of the compression stage, the stress-strain data was

not used for analysis. Instead, these tests provided insight into kinematics of

kink band strain localization.

The in situ stage was loaded into a Philips XL-30 ESEM. Imaging was con-
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ducted using the BSE detector, an accelerating voltage of 20 kV, and a scan speed

of 3 seconds per frame. While initially intended to provide high magnification

images of kink band propagation, significant vibration of the stage limited the

working magnification to 2000× and below. Saved images were imported into

ImageJ [86] as a stack and aligned.

Micropillar compression tests provided information about kink band forma-

tion in specimens with reduced specimen size to layer thickness ratios. Dr.

William Mook performed the compression pillar FIB milling and compression

testing at Los Alamos National Laboratory. Square cross-section pillars mea-

suring approximately 4 × 4 × 10µm were FIB milled with the compression

axis parallel to the transverse direction of the rolled 65 nm ARB nanolaminates.

Compression tests were carried out using an SEM-PicoIndenter in an FEI Helios

dual beam SEM.

2.6 Digital image correlation

Compression specimens measuring 7.2 × 3.6 × 3.6 mm were machined from

the rolled and annealed laminate plate via EDM. The specimens were carefully

aligned with respect to the layer orientation, with the compression axis parallel

to the transverse direction of the rolled material. Potential damage from the
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machining operation was removed on four of the six specimen faces via metal-

lographic polishing, with the top and bottom surfaces left in the as-machined

condition to prevent edge rounding or loss of parallelism. A speckle pattern

was applied to one face of the specimens using toner ink that was fused to the

polished surface via brief exposure to a heat lamp.

Compression testing was conducted on a MTS servo-hydraulic load frame

under displacement control at an initial strain rate of 10−4s−1. Due to the small

specimen size, the need to position specimens centrally on the compression

platens, and the lighting requirements of digital image correlation, truncated

pyramidal hardened steel pedestals were attached to the compression platens.

This allowed for in situ imaging of the compression specimens without reflec-

tions or shadowing from the large compression platens. A molybdenum disulfide

lubricant was applied between the specimens and the compression pedestals to

minimize friction.

A laser extensometer (Electronic Instrument Research model LE-01) was

used to measure the distance between two retro-reflective tapes attached to

the compression pedestals while local strains on the specimen face were ob-

tained from digital image correlation. The digital image correlation (DIC) setup

consisted of a Point Grey Grasshopper digital camera, Nikon AF Micro Nikkor

70-180 mm lens, fiber optic light source, and a half-silvered mirror for splitting
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the light source beam. This setup allowed for co-axial illumination of the pol-

ished specimens, yielding images containing good contrast between the dark

toner speckles and reflective specimen surface. Images were acquired every

500 ms using the commercial acquisition software VIC-Snap 2009 (Correlated

Solutions Inc.). While the full strain field should in theory require a two cam-

era, 3D DIC set up, the strong anisotropy of the lamellar material combined with

the early onset of kink band formation yielded a predominately plane strain de-

formation with the imaged surface of the specimen remaining within the focal

plane of the imaging set up. The compression tests were interrupted once kink

band propagation was complete.

2.6.1 DIC analysis

The images collected during compression testing were analyzed using VIC-

2D 2009 software (Correlated Solutions Inc.). Based on the image size of 1908

× 2319 pixels and the speckle pattern, a subset size of 49 × 49 pixels (102 ×

102µm) with a step size of 11 pixels (23µm) was found to produce a good bal-

ance between correlation quality and strain resolution. A normalized squared

differences correlation criterion was used during analysis. While a local Gaus-

sian decay kernel matrix is required in the software, the minimum kernel of 5
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× 5 steps (55 × 55 pixels) was applied during the strain calculation [87]. The

displacements and Lagrangian strain values were exported from VIC-2D, and all

visualization and further analysis was conducted using MATLAB software.

Within the subset used to calculate strain, DIC treats the deformation as

affine [87], and therefore significant care must be taken when using DIC on

specimens that deform by heterogeneous and localized shear. If the subset used

to calculate strain does not deform homogeneously and is instead sheared along

a plane by a narrow kink band, correlation of the deformed state to the reference

state is either impossible or very poor. The quality of correlation is represented

by the ‘sigma’ value (one standard deviation confidence interval) calculated by

the VIC-2D software. While the average sigma values for regions of the specimen

that deformed uniformly were 0.012, indicating good correlation, higher values

of sigma (∼0.03) and uncorrelated subsets were found to correspond to the

location of the kink band as it propagated across the sample. Thus the sigma

value provided both a measure of the quality of the correlation and a convenient

way to track the location of the kink band.

Calculated strain values for regions with a sigma value above a threshold of

0.018 were discarded. This removed potentially unreliable strain measurements

corresponding to the location of the kink band. However additional cleanup of

the strain data was needed due to the use of the Gaussian decay kernel during
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the strain calculation. While this filter reduces noise in the calculated strain

values, it also increases the distance between two truly independent strain mea-

surements. All calculated strain values in the area surrounding the kink band

were removed by eroding the neighboring five strain measurements around any

region containing a value of sigma greater than the threshold value (removing

data within 122µm of the kink band). All DIC strain maps are presented using

the undeformed coordinates of each subset in order to allow calculated rather

than interpolated strain values to be shown.

2.7 Mean field polycrystal modeling

The VPSC7 (visco-plastic self-consistent, version 7) code developed at Los

Alamos National Laboratory [81, 88] was employed to model the effects of crys-

tallographic texture on plastic anisotropy. In this model, plastic deformation in

each grain occurs via crystallographic slip, neglecting the effects of elastic de-

formation, which is a reasonable assumption for large strain deformation. The

Taylor or ‘full constraints’ homogenization approach was used instead of the

self-consistent homogenization. This approach ensures compatibility between

individual grains and satisfies equilibrium in an average sense (equating the

macroscopic stress to the average of the grain level stresses). While a rela-
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tively simple approach, the Taylor model was deemed suitable for exploring the

mechanical response of Cu-Nb nanolaminates subject to layer parallel tension.

Co-deformation of the Cu and Nb phases is required in layer parallel tension and

therefore the Taylor homogenization was used to prevent physically unrealistic

strain partitioning.

According to prior microstructural and texture analyses [81], the Cu deforms

by {111} 〈110〉 slip and the Nb by a combination of {110} 〈111〉 and {112} 〈111〉

slip, respectively. In the model, the resistance to slip evolves with strain ac-

cording to the Voce hardening law. Four hardening parameters are used: τ0 is

the initial critical resolved shear stress (CRSS), θ0 is the initial hardening rate,

θ1 is the asymptotic hardening rate, and τ1 is the difference between the back

extrapolated CRSS and the initial CRSS. The parameters for each slip mode in

each phase were characterized using nano-indentation hardness data for the in-

dividual phases reported by Hansen et al [89]. For the two slip modes in the Nb

phase, the hardening behavior was assumed identical, an approximation sup-

ported by discrete dislocation dynamics simulations [90]. The Voce hardening

law parameters for Cu and Nb are given in Table 2.4.

Polycrystal simulations were conducted in order to model the tensile defor-

mation behavior of the 500 nm and 30 nm nanolaminates. Since layer parallel

tension requires equal strain in both the Cu and Nb layers, single phase tensile
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Table 2.4: Voce hardening parameters for mean field polycrystal simulations.

τ0 (MPa) τ1 (MPa) θ0 (MPa) θ1 (MPa)

Cu {111}〈110〉 143 147 1750 25
Nb {110}〈111〉 190 280 2580 25
Nb {112}〈111〉 190 280 2580 25

simulations were conducted and averaged to generate the two-phase composite

stress-strain response. All starting models consisted of a polycrystal containing

10,000 Cu or Nb grains with crystallographic orientations assigned based on

experimental (EBSD) texture measurements of either the 500 or 30 nm mate-

rial. Plane strain tensile deformation along either the RD or TD was simulated

in increments of 0.5% strain with crystallographic texture updated after each

increment.
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Chapter 3

ARB Processing

This chapter is devoted to the ARB process and includes discussion of the

historical development of ARB, discussion of rolling and surface preparation

techniques, and strategies for preventing plastic instabilities during ARB synthe-

sis of nanolaminates.1 The procedures for ARB synthesis of Cu-Nb and Zr-Nb

nanolaminates are described in detail and recommendations for ARB process

improvements are presented.

1Some material in Chapter 3 is reproduced from Processing and deformation behavior of bulk
Cu-Nb nanolaminates T. Nizolek, N.A. Mara, I.J. Beyerlein, J.T. Avallone, J.E. Scott and T.M.
Pollock, Metallography, Microstructure, and Analysis 2014 [91]
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3.1 Historical background

The development of the accumulative roll bonding process is widely at-

tributed to Yoshihiro Saito, Nobuhiro Tsuji, and co-workers [50–53]. In the

period from 1998 to 2000, Saito and Tsuji (then a research associate at Osaka

University, Osaka, Japan) published a series of papers proposing and describ-

ing the ARB process and its application for grain refinement of monolithic alu-

minum alloys and interstitial free (IF) steels. Saito and Tsuji may have been the

first to advocate the process now known as ARB for the exclusive purpose of

grain refinement in single phase materials, and the use of moderate processing

temperatures (500◦C for IF steel [50]) was clearly advantageous for their pur-

pose. However, to state that the processing procedure, rather than the purpose,

outlined in the 1998 paper by Saito et al. [50] represented a revolutionary or

novel concept would be inaccurate. More than 10 years prior to the work of

Saito, a nearly identical process was used by Wadsworth et al. [92] to create

laminates from ultra-high-carbon steel and an Fe-3%Si alloy. The only notable

difference in processing procedure was that Wadsworth used a rolling tempera-

ture 200◦C higher than that used by Saito.

Recognition that ARB could be used to refine grain size to the sub-micron

level, combined with the scientific community’s growing interest in nanostruc-
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tured metals [93], led to a tremendous number of studies focused on ARB and

ARB processed materials. For centuries, however, laminated bi-metallic com-

posites and nominally single phase materials have been made through repeated

stacking, solid state bonding, and rolling. Prior to the development of the rolling

mill, similar processes using forging had been practiced for millennia [94, 95].

Indeed, the stated purpose of Wadsworth’s 1986 study [92] was to replicate the

ancient (600 AD) process of pattern welding steel using modern methods and

materials. It is regrettable that later papers have failed to similarly acknowledge

the historical precedents for the ARB process.

3.1.1 Ancient deformation processed laminates

Noteworthy historical examples of laminated structural metals created

through repeated stacking, bonding, and deformation processing include the fa-

mous Japanese samurai swords, Viking and Merovingian pattern welded knives,

Indonesian laminated ‘kris’ blades, and wrought iron [95–97]. Pre-industrial

ferrous materials contained slag and inhomogeneities due to poor metallurgical

control and the inability to fully melt pure iron; lamination both improved the

chemical homogeneity of the material and refined the iron/slag structure. Ad-

ditionally, repeated lamination afforded some control over the carbon content
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of early ferrous alloys as the carburized or decarburized surface layer could be

repeatedly folded into the material to alter the bulk chemistry [92, 95].

Japanese samurai sword steel offers an example of chemical homogenization

and control through lamination. Direct reduction of iron ore was achieved by

charging a clay furnace with a mixture of iron oxide, sand, and charcoal. After

heating, a spongy mass of reduced iron with varying carbon content was ob-

tained [98]. This material was broken into pieces and, based on the appearance

of the fracture surfaces, suitable pieces were selected for further processing.

These pieces were joined together to form small plates by ‘forge welding’ (a

solid state bonding process in which materials are heated to just below their

melting points and hammered together). Subsequent stacking and forge weld-

ing of these plates produced a large block of steel which was then repeatedly

forged, folded, and forge welded: a process repeated up to 30 times [98]. Ini-

tial carbon content inhomogeneity was removed, slag particles in the original

sponge iron were refined and dispersed, and the carbon content could be ad-

justed through control of surface decarburization [94, 98].

While the process used to create Japanese sword steel dates back to as early

as 800 AD, a more modern use of repeated stacking, bonding, and deforma-

tion processing is found in industrial era production of wrought iron. A spongy

mass of low carbon iron and siliceous slag, produced in a puddling furnace,
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was forged at high temperatures to expel the molten slag and compact the iron

sponge. The product was rolled or hammered into bars 3/4 inches thick by 2 1/2

to 8 inches wide, sheared into pieces, stacked, and welded together [97]. The

resulting 180-600 pound composite block was re-rolled to create ‘single-refined

iron’ [97] A more expensive grade of wrought iron with improved mechanical

properties due to slag elimination and refinement was created by repeating the

shearing, stacking, and lamination process (creating ‘double-refined iron’) [99].

Remarkably, this method was used for commercial production of wrought iron

well into the 20th century, with one of the last facilities in the United States still

in operation in 1949 [97].

A final example of a ‘primitive’ method for creating metal laminated com-

posites is the process used to create decorative ‘mokume-gane,’ traditionally

composed of layers of silver, copper, and gold rich alloys. This process, in use

in Japan as early as 1700 AD [95, 100], used diffusion bonding to produce

a composite block of material containing distinct layers with contrasting col-

ors. Subsequent forging or rolling refined the layered structure and deliberate

surface patterning ensured that multiple layers intersected the sheet surface to

provide a ‘wood grain’ pattern [100]. In contrast to the previously discussed

techniques, the purpose of the mokume-gane process was to create a composite

material consisting of distinct layers with sharp interfaces. Thus, similarly to
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modern scientific laminate processing methods, the motivation for lamination

was to create inhomogeneity rather than homogeneity (albeit for aesthetic not

technical purposes).

3.1.2 Modern deformation processed laminates

While the use of deformation processing to create laminated materials for

research and development increased dramatically after Saito’s 1998 paper [50],

lamellar composites produced via stacking, bonding, and deformation process-

ing were synthesized and studied throughout the latter half of the twentieth

century. The majority of the materials produced were either diffusion bonded

via hot pressing and/or bonded only a single time (without the repeated cutting

and stacking steps characteristic of ARB). Thus, conceptually, the pre-ARB sci-

entific laminate processing methods are more tangentially related to ARB than

their ancient counterparts. However, the emphasis many of these investigations

placed on controlling ductility, strength, and fracture resistance though tailoring

the lamellar structure is maintained in modern ARB research.

Notable examples of bi-metallic multilayers synthesized through a single it-

eration of hot press bonding followed by rolling include the 1979 work of Sherby

[101] on ferrous composites and later investigations by both Sherby [102] and
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Sahay [46] on UHCS/brass composites. Sahay’s work is particularly interesting

and prescient: not only do the authors claim ‘the first attempt toward the fab-

rication of nanoscale multilayer composites by cold rolling’ but also posit that

interfacial effects alter crystallographic texture formation compared to mono-

lithically rolled materials [46]. Synthesis of UHCS/brass multilayers using re-

peated press-bonding and rolling steps was also investigated and used to explore

the fracture behavior of metal laminates [103]. While some investigations re-

placed press bonding with hot roll bonding, for example the synthesis of Ni-Cu

laminates by Choi [104] and Al/304 stainless steel composites by Chawla [105],

hot roll bonded multilayers were not as widely studied, presumably due to the

relative difficulty in preventing oxidation during hot roll bonding.

The historical precedents for the ARB process, both modern and ancient,

are summarized in Table 3.1. While these techniques provided the basis for

the present day ARB process, the limited volumes of material and the relatively

coarse layers produced speak to the experimental difficulties of fabricating mul-

tilayers using these methods. These early processes either required extensive

preparation time to prepare a small volume of material via hot press bonding

or introduced the risk of oxidation during hot roll bonding. The development

of the ARB process - dispensing with hot pressing, repeating the stacking and

bonding steps, and in many cases using room temperature processing - has en-
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abled vast improvements in both the quantity and quality of metallic multilayers

that can be produced.

3.2 ARB procedure

A general description of the ARB process will be given, followed by specific

modification that were found advantageous for processing Cu-Nb and Zr-Nb

multilayers.

3.2.1 General ARB procedure

The basic ARB process, shown schematically in Figure 3.1 uses an iterative

sequence of cleaning, stacking, roll bonding, and cutting to create and refine a

lamellar microstructure. Two sheets of the starting materials (for example Cu

and Nb) were degreased in an ultrasonic bath of acetone for 10 minutes, and

the clean surfaces were wire brushed using a 100 mm (4 inch) diameter rotary

wire brush driven using a hand held electric drill. This step both removed native

oxide and provided surface roughness to promote cold roll bonding [106]. The

sheets were stacked together and cold roll bonded using a 50-60% single pass

reduction on a Waterburry Farell rolling mill. This mill, shown in Figure 3.2,
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was originally configured for 4-high rolling, but for the purposes of ARB the

two primary rolls were removed and the large diameter (16 inch) backing rolls

were used as primary rolls. The large roll diameter, direct drive of the rolls,

and lack of workpiece lubrication facilitated large single pass rolling reductions.

The bonded sheet was then sheared into two pieces, re-cleaned, stacked, and re-

bonded to generate a four layer laminate. Through repetition of this procedure,

the number of layers was exponentially increased while the final rolled sheet

thickness remained nearly constant. Extremely large strains were imparted to

the material, with the logarithmic rolling strain given by Equation 3.1, where hf

is the final sheet or layer thickness and ho is the original sheet or layer thickness.

ε = ln
ho
hf

(3.1)

If every ARB step doubles the number of layers, 18 iterations would be re-

quired to create a laminate with 262,144 layers (a 15 nm layer thickness, assum-

ing a 4 mm final sheet thickness). The number of layers after each ARB cycle

(assuming simple doubling) is simply 2n, with n being is the number of layers.

Considerable setup time, often approaching 60 minutes, is required for cutting

and trimming the rolled sheet, adjusting the rolling mill, and degreasing and

wirebrushing the material in each ARB cycle. Thus synthesis of a 15 nm layer
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Figure 3.1: Schematic showing steps of the general ARB process.

Figure 3.2: Waterburry Farrel rolling mill at the LANL Sigma Complex used for
ARB processing.
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thickness nanolaminate using the procedure described above would require ap-

proximately 18 hours of processing time.

3.2.2 Multi-stack ARB procedure

The ARB process can be significantly accelerated if, instead of merely dou-

bling the material each ARB step, the material is cut into 3, 4, or 5 pieces and

re-stacked. In practice this is accomplished by introducing conventional rolling

passes to further thin and elongate the material after each cold roll bonding step.

For example, if the starting materials for ARB are 2 mm thick sheets of Cu and

Nb, an 8 mm thick stack consisting of four alternating layers of Cu and Nb is roll

bonded in the first ARB step. The bonded laminate is now approximately 4 mm

thick and is conventionally rolled to a thickness 2 mm using multiple passes.

This material can then be sheared onto four pieces and arranged to create an-

other 8 mm stack for the next ARB cycle. Using this method, 262,144 (49) layers

can be created in only 9 ARB steps (∼9 hours of processing time). The num-

ber of layers as a function of ARB processing cycles is given by Equation 3.2,

where n is the number of layers, c is the cycle number, sc is the number of sheets

stacked in cycle number c, and clast is the last ARB cycle number.
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n =

clast∏
c=1

sc (3.2)

An additional benefit of this procedure is that the number of layers is not

restricted to powers of two and therefore specific layer thickness can be achieved

by planning out the number of sheets stacked in each ARB step. Further, the

progressive decrease in final sheet thickness that would occur during simple

doubling if the roll bonding reduction exceeds 50% can be avoided and thus

high percent reductions (60%) can be targeted.

3.2.3 Clad ARB procedure

One drawback of the ARB procedure illustrated in Figure 3.1 is that Cu layers

and Nb layers are bonded to each other during every ARB bonding step. This

means that 1) both Nb and Cu surfaces must be wirebrushed throughout ARB

processing, and 2) the Cu-Nb interfaces in the final laminate material have not

all experienced the same cumulative rolling strain. The interfaces created in

the first ARB cycle have experienced the total cumulative ARB rolling strain

while the most recently bonded interfaces have only experienced the rolling

strain associated with the last ARB bonding step. This presents a challenge

to microstructural characterization as, having characterized the crystallography
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of a particular interface, it is not possible to know with certainty how much

deformation the adjacent Cu and Nb layers have experienced since they were

first joined. The total number of interfaces in the laminate is simply one less

than the number of layers. The number of interfaces (nint) in the final laminate

that were created at step c is given by Equation 3.3 where c is the ARB cycle

number and sc is the number of sheets stacked at cycle number c.

nfromstep c
int =


(sc − 1) clast = 1

(sc − 1)
clast∏

c∗=c+1

sc∗ clast > 1

(3.3)

The probability (p) that an interface picked at random was created at step

number c is given by Equation 3.4.

p =


1 clast = 1

(sc−1)
clast∏

c∗=c+1

sc∗

clast∏
c=1

sc−1

clast > 1

(3.4)

For the simplistic case in which ARB processing is conducted by repeatedly

doubling an initial two layer stack of 2 mm Cu and Nb until a 15 nm layer thick-

ness is achieved, Equation 3.4 indicates that the likelihood that an interface

selected at random had experienced the cumulative ARB rolling strain of 11.8

(i.e. the interface having been created in the first ARB step) is only 0.5. There

58



is a probability of 0.25 and 0.13 that this interface experienced a strain of 11.1

and 10.4 respectively. Such a distribution in cumulative strains is undesirable.

In order to avoid these issues, a modified ARB procedure (‘clad ARB’) was

developed in which all Cu-Nb interfaces were created at the first ARB process-

ing step. A 2 mm thick Nb sheet is placed in between two 1 mm thick copper

sheets and roll bonded to create a Cu clad sheet of Nb. Throughout subsequent

ARB processing, Cu is bonded directly to Cu and the original Cu-Nb ARB inter-

face is simply elongated. This modified ARB process is shown in Figure 3.3 and

photomicrographs of the cross-section a Cu-Nb laminate processed using this

procedure is shown in Figure 3.4. In addition to eliminating the distribution of

Cu-Nb interface cumulative strains, as shown in Figure 3.5, this modified ARB

procedure results in exceptionally clean Cu-Nb interfaces. During processing

the layers are reduced from 2 mm to 20 nm and the length of the initial Cu-Nb

interface is elongated by a factor of 105. This means that, even if small oxides

or contaminates are present on the initial Cu-Nb interface (for example a hypo-

thetical contamination of 1 oxide particle every 10µm), by the time the material

has been processed to a 20 nm layer thickness the particle spacing would be in-

creased by a factor of 105 (a final particle spacing of 1 particle every meter).
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Figure 3.3: Schematic showing steps of the clad ARB process. Reproduced from
Reference [91] with permission from Springer.

Figure 3.4: Photomicrograph of Cu-Nb sheets at various stages of processing.
Reproduced from Reference [91] with permission from Springer.
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Figure 3.5: Schematic comparing the cumulative strain experienced by the in-
terfaces in bilayer ARB vs Cu clad ARB processed 8 layer laminate.

3.2.4 Specimen synthesis

Using the clad ARB process and stacking multiple sheets per ARB pass, Cu-

Nb nanolaminates were synthesized with layer thicknesses of 1800, 500, 245,

140, 65, 30, and 15 nm and a sheet thickness of approximately 4 mm. Table

3.2 gives the number of layers, cumulative rolling reduction, and cumulative

rolling strain of each material. All processing was conducted at room tempera-

ture and without any annealing steps. A representative rolling schedule, from

the synthesis the 30 nm material, is shown in Table 3.3.

Zr-Nb laminates were processed using two different methods: one in which

intermediate annealing steps (575 ◦C for 1 hour) were conducted every other

ARB cycle and one in which no annealing steps were conducted. In both cases,

the clad ARB process was used and the material was doubled each ARB step. The

final thickness of the rolled material ranged from 1.5 to 2 mm and specimens
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Table 3.2: Rolling history of ARB Cu-Nb nanolaminate materials.

Layer thickness (nm)
Number of

layers
Rolling

reduction (%) Strain, ε

1800 2,040 99.91 7.01
500 8,192 99.975 8.29
245 16,384 99.9877 9.01
140 28,224 99.993 9.57
65 65,536 99.9968 10.33
30 163,840 99.9985 11.11
15 248,832 99.9992 11.80

were taken after every ARB cycle. For the material processed using annealing

steps after every other ARB cycle (i.e. at 4, 16, 64, etc. layers) specimens were

taken both before and after the material was annealed. Thus the samples of

Zr-Nb laminates processed with annealing consisted of samples with 4 layers, 4

layers (annealed), 8 layers, 16 layers, 16 layers (annealed), etc. The specimens

of Zr-Nb laminates are listed in Tables 3.4 and 3.5.

3.3 Cold roll bonding and surface preparation

Successful ARB synthesis relies first and foremost on the ability to bond sep-

arate sheets of material to create a laminate. Thus achieving a strong bond

during cold roll bonding is a critical step of the ARB process.

The cold roll bonding (CRB) of metals has been conducted extensively in
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Table 3.3: A typical rolling schedule, showing rolling steps during synthesis of
the 30 nm Cu-Nb nanolaminate material.

Pass no.
Mill Setting
(left, right)

Thickness
before

Thickness
after

Reduction Comments

1 50,74 0.320 0.129 60% 4x1=4 lyr
2 30,64 0.129 0.095 26%
3 27,61 0.095 0.082 14%
4 30,57 0.328 0.129 61%
5 30,57 0.129 0.098 24%
6 30,57 0.098 0.088 10%
7 30,55 0.088 0.078 11%
8 30,57 0.312 0.129 59% 4x16=64 lyr
9 30,57 0.129 0.101 22%
10 30,25 0.101 0.088 13%
11 35,65 0.352 0.147 58% 4x64=256 lyr
12 30,60 0.294 0.138 53% 2x256=512 lyr
13 25,55 0.138 0.105 24%
14 25,55 0.105 0.090 14%
15 25,55 0.090 0.083 8%
16 30,60 0.332 0.142 57% 4x512=2048 lyr
17 30,60 0.142 0.106 25%
18 35,55 0.106 0.099 7%
19 35,55 0.099 0.091 8%
20 35,63 0.364 0.168 54% 4x2084=8192 lyr
21 35,63 0.168 0.118 30%
22 35,65 0.118 0.105 11%
23 30,60 0.105 0.095 10%
24 30,60 0.095 0.090 5%
25 25,55 0.090 0.081 10%
26 30,68 0.324 0.165 49% 4x8192=32768 lyr
27 20,48 0.165 0.120 27%
28 10,38 0.120 0.096 20%
29 5,33 0.096 0.085 11%
30 0,28 0.085 0.073 14%
31 -5,23 0.073 0.067 8%
32 12,40 0.335 0.177 47% 5x32768=163840 lyr
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Table 3.4: ARB Zr-Nb multilayer materials, processed without any intermediate
annealing steps.

Layer thickness (µm)
Number of

layers
Rolling

reduction (%) Strain, ε

749 2 62.535 0.98
394 4 80.315 1.62
209 8 89.523 2.26
106 16 94.682 2.93
56 32 97.222 3.58
29 64 98.551 4.23
14 128 99.296 4.96
7.5 256 99.623 5.58
3.3 512 99.834 6.40

Table 3.5: ARB Zr-Nb multilayer materials, processed with intermediate an-
nealing steps after every other ARB cycle (at 4, 16, 64, etc. layers). Materials
for which samples were removed both prior to and after annealing are indicated
with an asterisk (*).

Layer thickness (µm)
Number of

layers
Rolling

reduction (%) Strain, ε

825 2 58.725 0.88
476* 4 76.188 1.43
234 8 88.253 2.14
127* 16 93.65 2.76
58 32 97.103 3.54
31* 64 98.472 4.18
13 128 99.355 5.04

6.8* 256 99.658 5.68
2.9 512 99.856 6.54
1.5* 1024 99.923 7.17
0.73 2048 99.963 7.91
0.37* 4096 99.981 8.59
0.16 8192 99.992 9.46
0.088 16384 99.9956 10.03
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Figure 3.6: A partial list of materials that have been successfully cold roll
bonded and/or ARB processed. From Reference [108] and reproduced with
permission from Taylor and Francis.

industry to prepare clad materials for application ranging from bi-metallic ther-

mostat metals to composite stainless steel/copper cookware [107, 108]. Figure

3.6 shows a partial list of materials that have been successfully cold roll bonded

from Reference [108]. Two main factors influencing the success of CRB and the

resultant bond strength are 1) the rolling reduction, and 2) the surface prepara-

tion.
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3.3.1 Rolling reduction

For a given surface preparation method, bond strength increases with per-

cent rolling reduction. This has been demonstrated for a variety of materials as

shown in Figure 3.7 from Reference [108]. For each pair of materials shown in

Figure 3.7, a minimum or threshold percent reduction is necessary to achieve

bonding. For rolling reductions exceeding this threshold, bond strength in-

creases monotonically with increasing rolling reduction. The influence of rolling

reduction on bond strength is attributed to both the pressure generated in the

roll gap (forcing the surfaces to be bonded into intimate contact) and elonga-

tion of the original interface (breaking up oxide or surface contaminates and

exposing virgin material at the interface) [107, 108].

For the purposes of ARB, interfacial bond strength is of limited importance,

provided that a bond is achieved, since the strength of the initial bond can

be increased by subsequent ARB steps and/or heat treatments. The minimum

threshold reduction, however, represents a hard constraint on the ARB process.

High threshold reductions for cold roll bonding result in high rolling mill loads

and necessitate large roll diameters and/or high workpiece-roll friction.

Figure 3.8 shows the geometry of the roll gap where R is the roll radius, ho

is the initial sheet thickness, and hf is the final sheet thickness, and ∆h is the
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Figure 3.7: Cold roll bond strength as a function of rolling reduction for various
materials. From Reference [108] and reproduced with permission from Taylor
and Francis.

reduction. The angle α made between the sheet surface plane and the centerline

of the rolls is the angle of contact, F is tangential force resulting from friction at

the roll entrance, and Pr is the radial force exerted by the rolls on the workpiece.

The projected length of the arc of contact (Lp) is given by Equation 3.5 [73].

Lp =
(
R(ho − hf )−

(ho − hf )2

4

)1/2

≈ (R∆h)1/2 (3.5)

The specific roll pressure (p), neglecting frictional effects, is given by Equa-

tion 3.6 where P is the rolling load and b is the sheet width (out of plane di-

mension in Figure 3.8 [73].
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Figure 3.8: Schematic showing roll gap geometry.

p =
P

bLp
(3.6)

From Equations 3.5 and 3.6, an approximation of the rolling load is obtained

(Equation 3.7) where σo is the plane strain flow stress of the material being

rolled. This approximation neglects strain hardening during rolling, as well as

the effects of frictional forces in the roll gap.

P = σob(R∆h)1/2 (3.7)
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If friction is included, Equation 3.7 is replaced by Equation 3.8 [109], where

µ is the coefficient of friction between the workpiece and the rolls and hav is the

average thickness of the material in the roll gap.

P = σob(R∆h)1/2
(

1 +
µ(R∆h)1/2

2hav

)
(3.8)

For the case of roll bonding two 4 mm thick and 100 mm wide strips of

pure Cu to Cu, with a threshold reduction of 43%, a flow stress of 200 MPa,

and a coefficient of friction of 0.15, Equation 3.8 indicates that the rolling load

on a mill with a roll diameter of 406 mm (16 inches) would be approximately

695,300 N (156,300 pounds force) and scale linearly with sheet thickness and

sheet width. For the case of a much stronger material with a flow stress of

1400 MPa and a rolling reduction of 55% (representative of an ARB step con-

ducted on 15 nm Cu-Nb nanolaminate material), the rolling load would exceed

5,800,000 N (1,304,000 pounds force). For this material, the capacity of the

Waterburry Farrel rolling mill used for ARB synthesis (1.5 million pounds force)

would be reached if ARB was attempted with a sheet width exceeding 115 mm

(4.5 inches). Thus ARB synthesis of high flow stress nanolaminates requires a

rolling mill with very high load capacities if substantial volumes of material are

to be processed at ambient temperature.
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An additional effect of the requirement of large threshold rolling reductions

is that a rolling mill with suitably large roll diameters and/or high friction roll

surfaces must be used. In order for the rolling mill to draw material into the roll

gap, the horizontal component of F in Figure 3.8 must exceed the horizontal

component of Pr. This condition is shown in Equation 3.9.

F cosα ≥ Pr sinα (3.9)

As F = µPr where µ is the coefficient of friction, Equation 3.9 simplifies

to Equation 3.10. In order for the rolled sheet to be drawn into the roll gap,

tan(α) must be less than or equal to the coefficient of friction (µ) between the

workpiece and the rolls.

µ ≥ tanα (3.10)

The maximum reduction that can be obtained for a given roll diameter and

friction coefficient is found by expressing tanα as Lp

R−∆h
2

. Using the approxima-

tion for Lp in Equation 3.5 and assuming R � ∆h
2

, the maximum reduction

criterion is given by Equation 3.11 [73].

∆hmax = µ2R (3.11)
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Assuming µ = 0.15 (cold rolling with non-lubricated rolls [108]) and an

initial sheet thickness of 8 mm, the maximum reduction that can be obtained

using a rolling mill with 406 mm diameter rolls is 57%. This is approximately

the experimentally determined maximum reduction during ARB of Cu-Nb mul-

tilayers on the Waterburry Farrel rolling mill with 406 mm diameter rolls. The

challenges for ARB synthesis of very thick plates of material are obvious from

Equation 3.11: with µ = 0.15, achieving a 57% reduction and a final rolled

plate thickness of 25 mm would require a rolling mill with roll diameters of ap-

proximately 3 m (9.8 ft). While this suggests the necessity of an extremely large

rolling mill, the maximum reduction increases with the square of the coefficient

of friction. If µ can be increased to 0.5 (a typical value for hot rolling [73]), a

final ARB sheet thickness of 25 mm could be obtained with a roll diameter of

only 265 mm (less than the roll diameter of the Waterbury Farrel mill shown in

Figure 3.2).

As both the minimum load capacity and roll diameter necessary for ARB

scale dramatically with the threshold percent reduction and sheet thickness,

large rolling mills are required for the synthesis of even modest sheets of room

temperature ARB processed materials. Therefore surface preparation methods

that minimize the threshold reduction for bonding are highly desirable.

71



3.3.2 Surface preparation methods

One strategy that can be employed to minimize the threshold rolling reduc-

tion is appropriate surface preparation. Increasing surface roughness and de-

creasing absorbed surface contaminates enables cold roll bonding to be achieved

with lower rolling reductions. Figure 3.9 shows the effect of various surface

preparation methods on the threshold reduction and bond strength for Al-Al cold

roll bonding. The threshold reduction increases as surface roughness decreases,

with polished surfaces failing to bond at almost twice the threshold percent

reduction for surfaces roughened by wirebrushing. In addition to roughness,

surface cleanliness impacts the threshold reduction for bonding, with the per-

cent reduction increasing after exposure to solvents (as shown in Figure 3.9) or

a 15 minute exposure to laboratory atmosphere [108]. This effect is attributed

to the formation of surface contaminates or native oxide growth.

The most effective technique for surface preparation prior to cold roll bond-

ing is that of degreasing in acetone followed by wire brushing. This is the

method used both for preparation of Cu-Nb and Zr-Nb laminates as well as

many other systems reported in literature [108]. The roughness of the wire-

brushed surfaces provides asperities that undergo large local deformation dur-

ing roll bonding, far in excess of the nominal strain induced by rolling. Further,
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Figure 3.9: Effect of surface preparation on cold roll bonding threshold per-
cent reduction and bond strength for aluminum. From Reference [108] and
reproduced with permission from Taylor and Francis.

mechanical interlocking of the asperities may play a role in promoting cold roll

bonding, however the relative contributions of these effects has not been thor-

oughly explored.

3.3.3 Wirebrush generated inclusions

While wirebrushing both removes surface oxides and contaminates and en-

hances surface roughness, the process can also induce material damage and

create loosely adhered burs and debris that can become included in the bonded

interface. Initial attempts at ARB synthesis of Cu-Nb nanolaminates were con-

ducted using a 100 mm (4 inch) diameter wire brush with 500µm diameter bris-
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tles and a twisted morphology, shown in Figure 3.10. The wirebrushed surfaces

of the Cu and Nb annealed sheets used for the first ARB step showed signifi-

cant roughness and periodic burrs or clumps of abraded material on the surface

(Figure 3.10). While bonding was achieved for all rolling reductions between

51% and 64%, inclusions of either pure Nb or heavily intermixed Nb and Cu

were observed in the ARB processed material. These defects, shown in Figure

3.11 caused local distortion of the lamellar structure during rolling and often

contained cracks or unbonded regions. EBSD analysis of these defects (Figure

3.12) showed that, even in the case of the pure Nb defects, the grain size of the

material within the inclusion was markedly different from that of the surround-

ing layers, suggesting that these inclusion were material that had been severely

plastically deformed by the wirebrush.

Confirmation that the defects shown in Figure 3.11 resulted from the use of

an overly aggressive wire brush during surface preparation was obtained by col-

lecting and cross-sectioning fine particulates that were found to accumulate on

the workbench where wirebrushing was conducted. These particulates, shown

in Figure 3.13, consist of Cu, Nb, or heavily intermixed Cu and Nb and show

strong similarities to the inclusions found in the rolled material. While these

particles were produced during wirebrushing and ejected from the sheet sur-

face, similar particles were undoubtedly left behind on the sheets as loosely
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Cu Nb

Figure 3.10: Image of the coarse wirebrush and wirebrushed surfaces of Cu and
Nb annealed sheets.

(a) (b)

(c)

Figure 3.11: Defects observed in a 770 nm Cu-Nb nanolaminate processed using
the coarse wirebrush shown in Figure 3.10 during surface preparation.
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Figure 3.12: EBSD analysis of a Nb inclusion found within an ARB processed
770 nm Cu-Nb nanolaminate.

adhered burrs which became included in the material during subsequent ARB.

The presence of many more Nb inclusions than Cu inclusions in the material

suggests that the tendency for burr formation is higher in Nb than Cu. This is

supported by SEM analysis of the wirebrushed surfaces, shown in Figure 3.10,

where it was observed that the wirebrushed Cu appears more cleanly ‘cut,’ with

fewer lumps of abraded material. While pure Nb or Cu defects are formed at

coarse layer thickness, intermixed Cu and Nb defects can occur when the layer

thickness of the wirebrushed sheets is sufficiently thin that the bristles of the

brush penetrate multiple layers.

In order to minimize damage and inclusions resulting from the wirebrushing

operation, a less aggressive wirebrush was selected. The wirebrush had straight,

radial, bristles with a diameter of 250µm and is shown in the inset in Figure
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Figure 3.13: Photomicrographs showing cross sectioned particulates formed
and ejected from Cu-Nb sheets during wirebrushing.

3.14. The radial bristles are more compliant than twisted bristles, sweeping over

the surfaces during wirebrushing as opposed to digging into them. Additionally,

implementation of the clad ARB procedure minimized direct wirebrushing of

Nb. The formation of pure Nb defects was largely eliminated, as shown in Figure

3.14 which compares the material made using the two different wirebrushes.

While some intermixed defects were still observed, the total inclusion content

was significantly reduced.

While even less aggressive surface preparation methods were attempted, in-

cluding wirebrushing with a 75µm bristle brush, sanding using SiC abrasive
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(a) (b)

Figure 3.14: Comparison of inclusion content in material processed using a
coarse twisted wirebrush (a) and material processed using a fine radial bristle
brush (b).

papers, chemical etching, and low pressure grit blasting, the threshold cold roll

bonding reductions for materials prepared using these techniques exceed that

which could be achieved, and bonding was not obtained. With the constraints

of room temperature bonding and targeted threshold reductions of ∼50%, less

aggressive surface preparation does not appear feasible.

3.4 Plastic instabilities during ARB

While the previous sections detail the equipment, rolling, and surface prepa-

ration considerations necessary for the creation of a lamellar composite via ARB,

successful refinement of the layers to the nanoscale requires that 1) bulk rolled

sheet instabilities such as excessive edge cracking, center cracking, and buck-
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ling be avoided and 2) layer length scale instabilities such necking, fracture,

and shear banding be avoided. While sheet length scale instabilities can be

readily detected during processing, they lead to either unacceptable material

loss (trimming off edge cracking) or rejection of the entire sheet (center crack-

ing, buckling). The occurrence of layer length scale instabilities may not be

evident during processing, yet they can result in loss of layer continuity. While

co-deformation and layer refinement is assured during rolling of a continuous

lamellar composite, necking or fracture of the layers can allow strain partition-

ing and inhibit layer refinement.

3.4.1 Sheet length scale instabilities

Edge cracking, buckling, and splitting of cold rolled metals has been explored

extensively in the literature and these defects are attributed to stresses arising

from inhomogeneous deformation. Inhomogeneous deformation of the work-

piece may result from roll deflection under high rolling loads or arise from the

natural variation in constraint between the middle and edges of a rolled strip.

Figure 3.15 shows typical rolling defects in sheet products, all of which have

been observed during ARB processing of nanolaminates.

During rolling, high loads can cause elastic bending of the rolling mill rolls.
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Buckling Cracking Stress state

Figure 3.15: Schematic showing several common defects in rolled sheet and
strip materials.

If the profile of the rolls are straight (perfectly cylindrical rolls), roll deflection

would result in a roll gap wider at the center of the rolls than at the edges

(Figure 3.16). This would cause thickness variations in the rolled material,

with the rolled sheet being thinner at the edges than in the center. In order

to combat this issue, rolling mill rolls are often cambered: the profile of the

rolls is slightly ‘barrel shaped’ to compensate for the roll deflection that occurs

under high rolling loads (Figure 3.16). Ideally, the camber of the roll would be

selected based on expected loads (a function of material flow strength, width,

and percent reduction), yet in practice rolling mills are frequently used for a

variety of different materials and rolling conditions. Therefore the rolls may
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no roll camber roll camber

Figure 3.16: Schematic of rolling mill rolls, with and without camber, under
high load. Roll deflection is exaggerated.

be over-cambered for some tasks and under-cambered for others. Insufficient

camber results in more thinning and elongation at the edges of a rolled sheet

than in the center, while over-camber results in the reverse. The inhomogeneous

deformation induced by these conditions produces a rolled sheet with edges

that are in in-plane compression and the center in in-plane tension along the

rolling direction (under-cambered rolls) or edges that are in in-plane tension

and the center in in-plane compression (over-cambered rolls). These different

residual stress states may manifest themselves through buckling in regions of

in-plane compression or cracking in regions of in-plane tension (as shown in

Figure 3.15).

While improper roll camber is responsible for many of the commonly ob-

served rolling defects, edge cracking may also be driven by the lack of confine-

ment at the edges of a rolled sheet. If the edges of the sheet are slightly radiused

(either deliberately or as a natural result of lateral spread and workpiece/roll
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Rolled bar cross-sections: 

Increasing tendency for edge cracking

(a)

(b)

 misaligned/miscut ARB stack Splay during rolling

(c)

(d)

RD

Figure 3.17: (a) Profile of rolled bars showing increasing tendency for edge
cracking, adapted from [110]. (b) Overhanging sheet edges due to misalign-
ment/miscutting during ARB, and (c) splay of a bilayer stack during ARB leads
to increasing misalignment and edge cracking in the tail of the rolled strip shown
in (d)
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friction during deformation) edge cracking is exacerbated compared to rolling of

a strip with square edges (Figure 3.17(a)) [110]. The sheet edges must elongate

in the rolling direction to match the deformation of the rolled sheet, but unlike

the bulk of the rolled sheet, these edges are not in contact with the rolls and

do not experience the hydrostatic pressure induced by friction during rolling.

The tensile stress associated with the elongation of the unconfined edges can

induce cracking even in relatively ductile materials when the rolling reduction,

and hence elongation, is high. This type of edge cracking is a particularly com-

mon problem in ARB processing. When multiple sheets of material are stacked

together for cold roll bonding using a large rolling reduction, any misalignment

or mismatch in sheet width produces overhanging and unsupported ‘fins’ that

elongate during rolling (Figure 3.17(b)). Cracks can initiate at these edges and

propagate inward. A similar result occurs if the stacked sheets ‘splay’ and shift

relative to each other during infeed (Figure 3.17(c)). This splay results in in-

creased edge cracking at the tail of the rolled strip/sheet (Figure 3.17(d)). In

order to aid alignment and prevent splay, hardened steel guides were bolted to

the rolling mill table, shown in Figure 3.18. This was found to greatly reduce

edge cracking and associated material losses.
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Figure 3.18: Hardened steel guides used to aid alignment of the ARB stack and
reduce edge cracking.

3.4.2 Layer length scale instabilities

Plastic instabilities such as shear band formation and necking of individual

layers during rolling has been reported in a wide variety of composite systems

including Al-steel [55], Al-Ti [56, 57], Al-Cu [58], Al-Zn [59], Cu-Zr [60], Mg-Ti

[61], Ni-Cu [62], Ni-Al [63], Zr-Ti, Zr-Ni, and Zr-Al [64]. While Cu-Nb lami-

nates are remarkably stable and resistant to the loss of layer continuity during

room temperature ARB, the stability of this system appears to be the exception

rather than the rule. Most attempts to synthesize bi-metallic composites via ARB

have encountered difficulties in maintaining layer co-deformation.

Analysis of layer stability during rolling of laminated bimetallic materials

has been conducted by a variety of investigators [55, 111–116]. Prior to the
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widespread use of ARB, rolling of clad materials and the pack-rolling of foils

motivated these studies. The approaches taken in these studies vary, with au-

thors conducting bifurcation analyses [113, 114], numerical studies [55, 116],

and Considère type necking analyses [115]. Most studies have approximated

rolling as a plane strain deformation and have found that, in order to satisfy the

composite yield criteria, the soft phase is subject to in-plane compression and

the hard phase is subject to in-plane tension during rolling [111]. This in-plane

tension can drive necking or shear instabilities in the stronger layers.

Both theoretical and experimental studies confirm that necking or frac-

ture occurs in the stronger layer and that both the mismatch in flow stress

[55, 115, 116] and the strain hardening of the stronger layers [55, 115] in-

fluence co-deformation. Effects of the thickness ratio of the constituents as well

as the rolling mill roll gap geometry have also been reported [117, 118]. Yazar

[55] predicted that necking can be inhibited by keeping the flow stress mis-

match between perfectly plastic constituents to below 2:1, and that with strain

hardening this limit may be raised to 5:1. Empirically, a 3:1 flow stress mis-

match has been taken as the limit for co-deformation of metal-metal composites

[119]. While the role of strain hardening rate has not been thoroughly explored

experimentally, studies indicate that high work hardening rates in the hard layer

promote flow stability [55, 115, 116]. While strain hardening of the hard layers
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may promote stability at low strain levels, unless it is accompanied by com-

mensurate strain hardening of the softer layers it may be expected to actually

increase the tendency for localization by increasing the instantaneous flow stress

mismatch between the two materials.

Loss of layer continuity due to flow stress mismatch was observed in Zr-

Nb laminates that were ARB processed at room temperature without anneal-

ing steps. Figure 3.19 shows photomicrographs of the rolled laminates. While

layer continuity is preserved in Zr-Nb laminates with layer thicknesses above

100 µm (Figure 3.19(a-d)), further ARB processing induces severe shear local-

ization (Figure 3.19(e-g)). The Zr layers appear cut along very narrow shear

bands and the extensive local deformation along these bands is evident in a

high magnification image of the 256 layer (7.5µm) laminate (Figure 3.19(h)).

In an attempt to inhibit shear localization and loss of layer continuity, a sec-

ond ARB synthesis of Zr-Nb laminates was attempted and periodic annealing

steps were introduced after every second ARB cycle (as discussed in Section

3.2.4). The aim of the annealing steps was to both reduce the flow stress mis-

match and restore work hardening capacity by reducing the stored dislocation

content in the Zr phase. The annealing steps were expected to influence the me-

chanical properties of Zr more strongly than Nb due to its lower melting point

and recrystallization temperature.
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Figure 3.19: Cross section photomicrographs of ARB Zr-Nb laminates processed
without intermediate annealing steps. From (a) to (g): 4, 8, 16, 32, 64, 128,
and 256 layer material (nominal layer thickness given in Table 3.4). A high
magnification image of the shear localization in the 256 layer sample is shown
in (h).

Figure 3.20(a-g) shows photomicrographs of these laminates where it can

be seen that shear localization is suppressed and layer continuity is maintained.

Unlike the material shown in Figure 3.19, the actual layer thickness is well rep-

resented by the nominal layer thickness (Table 3.5) as all of the imposed rolling

strain is accommodated by thinning of the layers, rather than shear along nar-

row inclined shear bands. Continued ARB processing using intermediate an-
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nealing steps resulted in the successful synthesis of Zr-Nb nanolaminate mate-

rial with a nominal layer thickness of 88 nm, shown in Figure 3.20(h) [120].

These results demonstrate that periodic annealing steps can be advantageous

for reducing the tendency for shear localization and preventing loss of layer

continuity.

Figure 3.20: Cross section photomicrographs of ARB Zr-Nb laminates processed
with intermediate annealing steps. From (a) to (g): 4, 8, 16, 32, 64, 128,
and 256 layer material (nominal layer thickness given in Table 3.5). A TEM
micrograph (h) shows the continuous layers in the final 88 nm layer thickness
nanolaminate. (h) is reproduced from Reference [120] with permission from
Elsevier.
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3.5 Summary and recommendations for ARB pro-

cess improvement

While prior laminate processing techniques share conceptual similarities

with the ARB process, the ARB method has greatly facilitated the synthesis

of multilayer and nanolaminate materials. Laminates containing hundreds of

thousands of individual layers and bulk sheet dimensions can be routinely syn-

thesized, even in a research and development environment. New multistack

and clad ARB processing routes have increased efficiency and improved material

quality, and the surface preparation methods and rolling reductions necessary to

achieve consistent cold roll bonding have been explored. While sheet and layer

length scale plastic instabilities can lead to material losses and inhibit success-

ful layer refinement, improved rolling mill control and intermediate annealing

steps to reduce the constituent phase flow stress mismatch provide promising

means of preventing these instabilities.

The prospects for truly industrial scale ARB processing remain daunting,

with the greatest obstacles arising from the high flow stresses of nanolaminate

metals and the large rolling reductions necessary to achieve cold roll bonding.

The unavoidable conclusion from the discussion of threshold reduction and sur-

face preparation methods, rolling mill loads, and the maximum reduction crite-
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rion is that industrial scale ARB would require processing at elevated temper-

atures. No other single modification to the ARB process would afford as many

benefits as raising the process temperature.

Among the numerous advantages of hot or warm ARB processing are:

1. Hot ARB would provide dramatic reductions in rolling loads. This reduc-

tion stems from both the decreased flow stress of nanolaminate materials

at elevated temperatures [77] as well as the lower threshold rolling reduc-

tions necessary for hot roll bonding compared to cold roll bonding [121].

2. The minimum rolling mill roll diameter dictated by the maximum reduc-

tion criterion (Equation 3.11) would be decreased tremendously. This

would result in part due to the smaller threshold reductions necessary

for hot roll bonding but would be driven primarily by the increase in the

coefficient of friction with increased rolling temperature.

3. Less aggressive surface preparation methods could be used in place of

wirebrushing. The decreased emphasis on surface roughness afforded by

the substantial decrease in threshold rolling reduction moving from cold

roll bonding to hot roll bonding may eliminate the need for wire brushing,

further reducing inclusion content and damage.

4. Sheet length scale instabilities driven by roll deflection or improper roll

90



camber would be reduced. With a decreasing rolling load, roll deflection

would be less severe. Further, a decrease in the required roll diameter

may allow the use of 4-high or planetary rolling mills which minimize roll

deflection through the use of backing rolls.

5. The ability to adjust the rolling temperature may provide means to combat

layer length scale instabilities such as shear banding and necking. Stabil-

ity may be improved by dynamic recovery and the associated increase in

work hardening rate or, particularly for laminates composed of materials

with different crystal structures, the varying temperature sensitivities of

the material flow stresses [122]. Proper deformation temperature selec-

tion may enable ARB processing of material combinations that are difficult

or impossible to process at room temperature.

While high temperature ARB processing may induce undesirable diffusion,

phase transformations, or intermetallic growth in some systems, it would ap-

pear well suited for processing laminates with immiscible or low solid solubility

phases such as Cu-Nb and Zr-Nb. Further, it may allow materials with inher-

ently low room temperature ductility (e.g. magnesium alloys) to be successfully

processed using ARB. While presenting a new set of challenges, including those

related to preventing oxidation during bonding and rolling, elevated tempera-
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ture ARB processing would remove a host of limitations encountered in room

temperature ARB processing. It is therefore recommended that elevated tem-

perature ARB processing be explored for the efficient industrial production of

ARB laminates.
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Chapter 4

Material Properties and Anisotropy

In this chapter, microstructural characterization and mechanical property

evaluations of ARB processed Cu-Nb nanolaminates will be presented. The evo-

lution of microstructure and crystallographic texture with layer thickness will

be discussed and related to both the strength and anisotropy of the laminates.

Of particular importance is the divergence of the layer parallel tensile strength

and layer parallel shear strength as the layer thickness is refined below 250 nm.

This anisotropy is responsible for kink band formation, a phenomenon analyzed

in Chapter 5.

93



4.1 Microstructural evolution during ARB

Significant microstructural changes occur throughout the ARB process, with

the grain size and crystallographic texture changing as the layer size is reduced.

The 30 nm Cu-Nb material, for example, contains Nb grains that are four orders

of magnitude smaller than those in the initial Nb plate, with the grain shape

having evolved from an equiaxed morphology to one consisting of extremely

high aspect ratio grains (RD:ND grain aspect ratios on the order of 80:1) [123].

The crystallographic texture of the annealed starting materials is transformed

into a strong deformation texture that, at small length scales, differs from that

expected in rolled monolithic Cu or Nb [18, 124]. Finally, a predominant inter-

face orientation relationship between Cu and Nb is observed in the nanoscale

laminates [18, 125, 126].

Characterization of the microstructure across the tremendous range of length

scales and deformation states (cumulative strains ranging from 0 to ∼12) en-

countered in ARB processed materials has required the use of a suite of advanced

characterization tools. Studies detailing the structure of these nanolaminates

have employed EBSD [54, 123, 125, 127, 128], precession electron diffraction

(PED) [125, 126, 129], SEM [130], scanning transmission electron microscopy

(STEM) [7], transmission electron microscopy (TEM) [9, 54, 131], and neu-
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tron diffraction characterization techniques [124, 125] and have been carried

out by a variety of investigators. The vast majority of these studies (References

[7, 9, 123–125, 125, 125, 127, 128, 130, 131]) were conducted on nanolami-

nates synthesized at Los Alamos National Laboratory using the high purity ma-

terials and the methods described in Chapter 3. In order to discuss the mi-

crostructural changes that occur during ARB, characterization data from litera-

ture sources [123, 126, 129, 132], experimental EBSD investigations into grain

structure evolution in coarse multilayer samples (with layer thickness >20µm),

and characterization of the final samples used for mechanical testing (with layer

thicknesses ranging from 1800 to 15 nm) will be presented.

The microstructures of the starting materials for ARB processing are shown

in Figure 4.1, where inverse pole figure (IPF) maps, grain boundary maps, and

crystallographic texture pole figures are presented. IPF maps are generated from

EBSD analysis, where each point on the map is colored according to the crystal-

lographic direction aligned with a particular sample axis (in this case the ND of

the rolled sheet). The crystallographic directions corresponding to the IPF col-

ors are indicated in the key shown on the lower left hand corner of each map.

In addition to highlighting the grain structure, IPF colors provide some infor-

mation about the crystallographic texture; for example the Nb IPF map shown

in Figure 4.1 indicates that most grains are oriented such that a [111] direction
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lies nearly parallel to the ND axis of the sheet, a result confirmed by the pole

figure representations of crystallographic texture. A pole figure (PF) shows the

distribution of crystallographic directions projected onto the sample coordinates

(with axes RD, TD, and ND for rolled materials, as indicated above the PF color

key in Figure 4.1). The intensity of the resulting distribution is colored accord-

ing ‘multiples of random,’ and quantifies how ‘peaked’ or ‘sharp’ the distribution

in crystallographic orientations is compared to randomly oriented grains. All

pole figures presented are equal area projections, a projection conceptually sim-

ilar to the more common stereographic projection, and discussed in detail in

Reference [81].

Figure 4.1 indicates that the cold rolling and annealing procedures described

in Chapter 2 produce materials with fully recrystallized equiaxed grain struc-

tures and typical annealing textures [81]. The Cu has a high density of anneal-

ing twins and an average grain size of 17µm (as calculated from EBSD data,

excluding Σ3 twin boundaries). The Nb has a much larger grain size of approx-

imately 200µm and a strong fiber crystallographic texture [81]. It should be

noted that gathering statistically significant grain size measurements on such a

coarse microstructure is challenging, with only 117 grains present in the large

EBSD scan in Figure 4.1. Nevertheless, Figure 4.1 shows that the starting mate-

rials possess vastly different initial grain sizes and crystallographic textures.
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Figure 4.1: The microstructure and texture of the annealed Cu and Nb material
used for ARB. (a) shows IPF maps colored with respect to the ND while grain
boundary maps where twin boundaries in the Cu are shown in gray (b). Pole
figures showing typical FCC and BCC annealing textures for Cu and Nb are
presented in (c).

The evolution of the microstructure and texture throughout the initial ARB

processing steps (during refinement of the layer thickness from 1 mm to 20µm)

is shown in Figures 4.2, 4.3, and 4.4. EBSD IPF maps of Cu and Nb layers

(Figure 4.2) show that at these layer thicknesses, both the Cu and Nb layers

are polycrystalline, with most grains unassociated with a Cu-Nb interface. The

breakdown of the initial coarse Nb structure is seen in the 500µm Nb IPF map,

where subgrain formation has begun to occur after the rolling strain of 0.69

(as evidenced by the mottled colors within the large Nb grains in Figure 4.2).
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The unique grain map (UGM) (a map where the colors have no crystallographic

significance, but are used to denote individual grains separated by boundaries

with a >5◦ misorientation) shows only small regions that are significantly mis-

oriented from the original grains. The copper layers in the 500µm material are

spanned by hundreds of individual grains, and have an average grain size of

2.8µm (computed from a larger scan area than the one shown in Figure 4.2).

The IPF maps for the 165µm Cu-Nb multilayer show that the influence of the

large initial grain size of the Nb persists at a rolling strain of 1.8, with the mi-

crostructure consisting of clusters of grains and subgrains with similar orienta-

tions. Yet, in terms of a reduction in grain size, the 165µm UGM shows that the

Nb now contains many grains misoriented by >5◦ and that the initially coarse

grain structure has been largely refined. Material removed after ARB processing

to a 40µm layer thickness shows Cu and Nb grains that are comparable in size:

the average Nb grain diameter is 0.83µm vs 0.76µm for Cu.

The crystallographic texture evolution in Cu-Nb multilayers with layer thick-

nesses ranging from 500µm to 20µm is shown in Figure 4.3 and 4.4. These

pole figures were calculated from EBSD data collected over large areas, typ-

ically ∼1 mm2. A conventional rolled Cu texture forms early on during ARB

processing (Figure 4.3), with the weak Cu annealing texture having been trans-

formed into a typical FCC rolling texture [81] at a layer thickness of 500µm.
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Figure 4.2: EBSD inverse pole figure (IPF) maps and unique grain maps (UGM)
for Cu and Nb layers in 500, 165, 40, and 20µm layer thickness specimens re-
moved during ARB processing (note the different scales). IPF colors are applied
with respect to the ND, EBSD scans were conducted on the RD-ND plane. While
IPF maps show crystallographic orientation and subgrain formation, UGM (cal-
culated with a grain tolerance of 5◦) gives information on grain aspect ratio and
size.
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This rolling texture persists throughout processing from 500µm to 20µm, al-

though some fluctuation in intensity and texture character is evident in Figure

4.3 and is attributed to periodic dynamic recrystallization during rolling. Ev-

idence for this recrystallization is seen in Figure 4.2 where the elongated Cu

grains at a 165µm layer thickness have transformed into the more equiaxed

grains seen in the 40µm and 20µm layer thickness materials. In contrast to the

Cu phase, the initial annealed fiber Nb texture persists to high rolling strains,

with a typical BCC rolling texture [81] not emerging until processing to a 40µm

layer thickness (a rolling strain of 3.2).

The microstructure of the Cu-Nb nanolaminate materials with layer thick-

nesses of 1800, 500, 245, 140, 65, and 30 nm has been characterized using a

combination of EBSD, TEM, and PED. These layer thicknesses correspond to the

materials used for mechanical testing, as will be discussed in Sections 4.2 - 4.5

As the layer thickness is refined from 1800 nm to 140 nm, the Cu layer grain

structure transitions from one in which multiple grains (2-3) span the layers to

one in which individual grains span the layers (Figure 4.5). This transition in

grain structure for the Cu layers occurs at 245 nm, with the Cu layers spanned

by relatively low aspect ratio grains (as shown in Figure 4.5). While the layers

of both phases remain polycrystalline in-plane, the aspect ratio of the Cu grains

increases as the layer thickness falls below 245 nm.
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Figure 4.3: Pole figures for the Cu phase in ARB Cu-Nb multilayers with layer
thicknesses ranging from 500µm to 20µm obtained from EBSD. All PFs shown
are equal area projections.

101



m.r.d

0 1.5 3

20 μm Nb
(100) (110) (111)

83 μm Nb
(100) (110) (111)

500 μm, Nb
(100) (110) (111)

40 μm, Nb

165 μm, Nb

max = 6.8

max = 2.8

max = 3.6

max = 3.3

max = 3.6

(100) (110) (111)

(100) (110) (111)

RD

TD

Figure 4.4: Pole figures for the Nb phase in ARB Cu-Nb multilayers with layer
thicknesses ranging from 500µm to 20µm obtained from EBSD. All PFs shown
are equal area projections.
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Figure 4.5: EBSD IPF maps and UGM images partitioned to show only the
Cu phase in 1800 to 140 nm layer thickness Cu-Nb nanolaminates. The grain
structure of the Cu layers evolves from one in which 2-3 grains span the layers
at 1800 nm to one in which the Cu layers are spanned by single high aspect
ratio grains (as seen at 140 nm). The transition to predominantly single crystal
through thickness Cu layers occurs at 245 nm.

Previous studies by Lim and Rollett [54] have indicated that the dislocation

density, and therefore the driving force for recrystallization, in the copper layers

decreases as the layer thickness is reduced from 20µm to 200 nm (falling from

1.2×1015 m−2 to 0.5×1015 m−2). A low dislocation density in rolled Cu-Nb com-
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posites has also been noted by other investigators [133]. The decrease in dis-

location density, combined with the constraint that the critical recrystallization

grain nucleus must be smaller than the layer thickness, is believed to suppress

conventional recrystallization processes in nanoscale Cu layers [54]. The high

aspect ratio grains observed in the 140 nm laminate (Figure 4.5) appear to be a

consequence of this phenomenon.

While the Cu layers are spanned by single grains at a layer thickness of

245 nm, the Nb layers still possess multiple grains through thickness as seen

in Figure 4.6. While the Nb layers appear discontinuous at 140 nm, this ap-

pearance is an artifact of surface relief induced shadowing during EBSD pattern

collection. As the collection of Nb microstructural data using EBSD at length

scales at and below 140 nm is challenging and often produces images in which

the continuity of the layers is not captured, precession election diffraction (PED)

must be used for grain orientation mapping in these nanolaminates. This tech-

nique was used to produce inverse pole figure maps of the Nb layers in the 30 nm

material, and provides better spatial resolution and more accurate representa-

tions of the lamellar structure. As evident in the PED IPF map of the 30 nm Nb

layers (Figure 4.6), the Nb layers are spanned by single, very high aspect ratio

grains. While the very high aspect ratio grains exceed the dimensions of the PED

scan presented in Figure 4.6, STEM images of the 30 nm material are shown in
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Figure 4.7. The pair of complementary phase contrast and grain contrast STEM

images reveal the lamellar microstructure and elongated grain structure of both

the Cu and Nb layers over a wide area (1.7 x 1.7µm). The characterization re-

sults for the 140 and 30 nm layer thickness material indicates that the transition

from polycrystal to single crystal through thickness Nb layers occurs between

140 and 30 nm.
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Figure 4.6: EBSD IPF maps and UGM images partitioned to show the Nb phase
in 500 and 140 nm layer thickness Cu-Nb nanolaminates and PED IPF image of
30 nm Nb layers. The Nb grains at 500 and 140 nm are more elongated than the
Cu grains shown in Figure 4.5, with multiple Nb grains spanning each layer. By
30 nm, the Nb layers are observed to be predominantly single crystal through
thickness.

105



TD

N
D

TD

N
D

(a) (b)

Figure 4.7: STEM images of 30 nm Cu-Nb nanolaminate (TD-ND plane). Phase
contrast provided by a 48 mm camera length (a) shows the lamellar phase struc-
ture (where Cu appears darker than Nb), while grain contrast (b) obtained using
a 480 mm camera length revealed the grain structure. Images courtesy of Jaclyn
Avallone, UCSB [134].

The results of the EBSD, PED, and STEM characterization of these mate-

rials agree with the grain size data reported by Carpenter [123]. These data

are shown in Figure 4.8, where the percent area by phase (i.e. each phase is

considered separately) is plotted versus the grain lengths measured along the

RD, TD, and ND directions. This experimental data was obtained from EBSD

analysis of 20µm, 8µm, 714 nm, 135 nm, and 58 nm ARB Cu-Nb nanolami-

nates. Interestingly, no significant change is seen in the distribution of RD grain

lengths as the layer thickness is refined, and only a slight decrease in the TD

grain length is observed. The ND grain dimension, however, does decrease as
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the layer thickness is refined since the ND grain dimension is constrained by the

layer thickness once the layers become single crystalline in the through thick-

ness direction (∼245 nm). The result of a largely invariant RD and TD grain

length and a decreasing ND grain length is that the grain aspect ratios increase

dramatically as the layer thickness is refined below 245 nm. Calculations based

on the peaks in the grain size distributions in Figure 4.8 indicate that grains in

both phases exceed aspect ratios of 1:50:5 (ND:RD:TD) at a layer thickness of

58 nm, as shown schematically in Figure 4.8(d) [123].

Figures 4.9 and 4.10 show pole figures representing the crystallographic tex-

tures of both the Cu and Nb phase in Cu-Nb nanolaminates with layer thick-

nesses ranging from 1800 nm to 15 nm. All pole figures were calculated from

EBSD data using the MTEX MATLAB package [135], and texture data was col-

lected from the 65, 30, and 15 nm samples using the ‘wedge mounting’ tech-

nique described in Reference [127]. This technique involves mounting and

preparing the laminates so that the surface for EBSD analysis intersects the lay-

ers at a shallow inclination angle (increasing the apparent layer thickness). The

Cu phase at all length scales shows a consistent, strong deformation texture,

with the maximum intensity of the pole figures ranging from 2.9 to 4.1 multi-

ples of random. The sharp peaks in the (111) pole figure (indicated with arrows

in Figure 4.9) shift slightly and strengthen from 65 nm to 15 nm. The position
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Figure 4.8: Grain size statistics obtained from EBSD for Cu-Nb nanolaminates
processed at LANL, adapted from Reference [123]. Plots show percent area
by phase of Cu and Nb grains having lengths within the bins of the horizontal
axis. Grain lengths along the RD (a), TD (b), and ND (c) are plotted (note the
different axis range and bins). (d) shows a schematic of the grain shape in the
58 nm material (drawn to scale): RD and TD grain lengths obtained from peaks
in (a) and (b), ND length taken as the layer thickness.
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of these peaks implies that the Cu grains are oriented with the [112] crystallo-

graphic directions aligned with the ND direction of the rolled plates and repre-

sents a departure from a conventional rolled Cu texture [18, 125]. The Nb pole

figures (Figure 4.10) show sharp crystallographic textures with intensities that

tend to increase as the layer thickness is refined from 1800µm to 15 nm. These

pole figures indicate that Nb grains tend to align with the [111] direction parallel

to the TD and the [110] direction parallel to the RD. As pointed out in Reference

[128], the Nb pole figures indicate that there are two symmetric texture com-

ponents (the texture peaks could be reproduced using only two Nb grains: the

[110] direction of each grain would be aligned with the rolling direction, with

each grain tilted in opposite directions about the RD axis). Comparison of these

Nb textures to those of the coarse laminates (Figure 4.4) shows a major differ-

ence in the (111) pole figures, where the [111] peaks previously aligned along

the RD-ND plane have split into two peaks (indicated by arrows in the 15 nm

pole figure). This peak splitting is not observed in rolled monolithic Nb and has

been attributed to the high density of Cu-Nb interfaces in these materials and

their effect on slip system activity [18]. While all of the materials with layer

thicknesses ranging from 1800 to 15 nm possess a strong crystallographic tex-

ture, the texture in material with layer thickness <100 nm is generally stronger

than that in materials with layer thickness >100 nm. The texture data presented
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in Figures 4.9 and 4.10 will serve as inputs into the polycrystal modeling efforts

discussed in Section 4.2.
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(100) (110) (111)
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Figure 4.9: Pole figures for the Cu phase in ARB Cu-Nb nanolaminates with
layer thicknesses ranging from 1800 to 15 nm obtained from EBSD. All PFs
shown are equal area projections.
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Figure 4.10: Pole figures for the Nb phase in ARB Cu-Nb nanolaminates with
layer thicknesses ranging from 1800 to 15 nm obtained from EBSD. All PFs
shown are equal area projections.

Finally, it should be noted that a strong interfacial crystallographic orien-

tation relationship develops during ARB processing. The presence of such a

relationship is suggested by the strong crystallographic textures of the single
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phases, but requires spatially resolved crystallographic data to prove. Lee [126]

used EBSD analysis and developed automated heterophase interface charac-

ter distribution (HICD) software to show that the interface relationship in ARB

Cu-Nb nanolaminates with layer thicknesses ranging from 600 to 200 nm was

predominantly a Kurdjumov-Sachs (K-S) {112}fcc‖{112}bcc [111]fcc‖[110]bcc re-

lationship. This technique used large sample areas, enabling statistically signifi-

cant interface distributions to be obtained [126]. Additional studies using high

resolution TEM imaging and PED have confirmed that this relationship persists

during continued ARB processing and is therefore a stable, preferred interface

[125, 129, 136]. Liu [129] found that the fraction of interfacial area possessing

the {112}Cu‖{112}Nb relationship increases from 23% to 32% as the layer thick-

ness is decreased from 86 nm to 30 nm. Interestingly, the K-S {112}fcc‖{112}bcc

[111]fcc‖[110]bcc relationship has also been reported in deformed Cu-Nb wire-

drawn composites and Ni-Cr alloys, suggesting that it may be a common rela-

tionship for deformation processed FCC/BCC composites [18].

Figure 4.11 shows a HRTEM image of a {112}Cu‖{112}Nb [111]Cu ‖[110]Nb

interface in an 18 nm ARB Cu-Nb nanolaminate. The interface is ordered and

faceted along {110} and {111} planes. This atomic faceting has been found to

strongly influence the interfacial shear strength and mechanisms of interfacial

dislocation motion, as will be discussed later in Section 4.5.3.
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Figure 4.11: HRTEM image of Cu-Nb interface crystallography showing the
predominant interface in ARB Cu-Nb nanolaminates. The {112}Cu‖{112}Nb
[111]Cu‖[110]Nb interface type is atomically faceted along {110} and {111}
planes. Reproduced from Reference [23] with permission from the National
Academy of Sciences.

An overview of the microstructural changes that occur during the ARB pro-

cess is shown in Figure 4.12 which compares the 500 nm and 30 nm ARB pro-

cessed material. Notable changes include the strengthening of the crystallo-

graphic texture, refinement of the lamellar structure, and the transition in grain

size and aspect ratio (shown in Figure 4.12(a), (b), and (c)). Not shown, but

discussed previously is the emergence of a stable and predominant interface

crystallography relationship, with over 30% of the interfacial area in the 30 nm

material having a {112}Cu‖{112}Nb [111]Cu‖[110]Nb type interfacial character.
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These microstructural changes will be related to the mechanical response of the

Cu-Nb nanolaminates in the following sections.

500 nm 30 nm

Cu Nb NbCu

(b)

(a)

(c)
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111
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TD

ND

Cu (111)

TD

RD

Nb (110)

RD

TD

Nb (110)

RD

TD

Cu (111)

RD

TD

Multiples of Random

Figure 4.12: Comparison of the 500 and 30 nm Cu-Nb nanolaminate mi-
crostructure. (a) Cu (111) and Nb (110) PFs calculated [135] from EBSD data.
(b) Backscattered SEM image (500 nm) and high-angle annular dark field STEM
image (30 nm) showing Cu (dark) and Nb (light) layers. (c) EBSD IPF maps
(500 nm) and PED maps (30 nm) for Cu and Nb. PF scale for (a), transverse
direction (TD) and normal direction (ND) sample axes for (b) and (c), and IPF
coloring scheme for (c) shown at bottom. Reproduced from Reference [7] with
permission from the American Institute of Physics.
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4.2 In-plane tensile behavior

The bulk nature of ARB processed Cu-Nb nanolaminates allows for the me-

chanical properties of these materials to be evaluated using conventional macro-

scopic tensile and compressive tests.1 While some micromechanical tests have

been conducted on thin film PVD Cu-Nb nanolaminates [5, 78], a thorough ex-

ploration of the effects of layer thickness and stress state on deformation behav-

ior and mechanical properties has not been reported. Further, the microstruc-

ture of ARB processed Cu-Nb nanolaminates differs substantially from the PVD

synthesized material, and likely produces a different mechanical response. Thus

the bulk tensile and compressive tests discussed in the following sections offer

new information regarding the anisotropy, deformation behavior, and strength

of ARB processed Cu-Nb nanolaminates.

4.2.1 Experimental tensile behavior

Bulk tensile testing of ARB Cu-Nb nanolaminates was motivated by the

desire to assess the ductility and strength versus layer thickness relationship

for these nanolaminate materials. The exploration of the tensile properties of

1A substantial amount of material in Section 4.2 is reproduced from Tensile behavior and flow
stress anisotropy of accumulative roll bonded Cu-Nb nanolaminates T. Nizolek, I.J. Beyerlein, N.A.
Mara, J.T. Avallone, and T.M. Pollock, Applied Physics Letters 2016 [7]
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nanolaminates has been traditionally hindered by the challenges associated with

mechanically testing PVD synthesized thin films [137]. A limited number of

studies have explored the tensile behavior of free-standing nanolaminate films

[6, 29, 32, 138]; however these investigations have either been restricted to a

small range of layer thicknesses, did not report ductility, or attributed low duc-

tility to specimen geometry and film growth flaws. Obtaining reliable tensile

property data for nanolaminates with a wide range of layer thicknesses is essen-

tial in order to reveal the effects of layer size on constitutive behavior, determine

the effects of crystallographic texture on plastic anisotropy, and provide insight

into the mechanisms of plastic deformation. Changes in the relationship be-

tween layer thickness and strength/anisotropy could indicate a transition from

conventional polycrystal plasticity to a regime where proposed nanolaminate

deformation mechanisms, such as confined layer slip (CLS) or interface cross-

ing, dominate [17].

Tensile specimens with the stress axis parallel to either the RD or TD axes

of the rolled Cu-Nb nanolaminates were prepared and tested as discussed in

Section 2.4. The resulting stress-strain curves for select tensile specimens are

shown in Figure 4.13 and the yield stress, ultimate tensile strength, and strain-

to-failure for all samples are given in Table 4.1. The yield stress at a 0.5% offset

is reported since large offsets are typically used for nanocrystalline metals due
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Figure 4.13: Stress-strain curves for select Cu-Nb nanolaminate tensile speci-
mens with layer thicknesses ranging from 1800 to 15 nm (curves for 500 and
245 nm specimens are omitted for clarity). The specimen geometry is shown
in the lower inset. Reproduced from Reference [7] with permission from the
American Institute of Physics.

to a gradual onset of plasticity [106, 139]. As the layer thickness of the material

is reduced, both the yield strength and ultimate tensile strength increase while

the strain-to-failure generally decreases. This trend has been observed in many

single-phase nanocrystalline materials and is attributed primarily to the dimin-

ished work hardening capability of nanocrystalline metals [140, 141]. For all

length scales, the TD tensile specimens show appreciably higher flow stresses

than the RD specimens, a trend that is particularly apparent for the 65 and

30 nm samples.
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The yield stress is plotted as a function of the inverse square root of the layer

thickness in Figure 4.14 in order to determine whether the relationship follows

the Hall-Petch equation. This equation (modified from the original [72] by sub-

stituting layer thickness for grain diameter) is given in Equation 4.1, where σy is

the yield stress, h is the layer thickness, and Ky is the Hall-Petch coefficient, and

σ0 is a friction stress for lattice dislocation motion. The relationship between

yield strength and layer thickness appears consistent with the Hall-Petch rela-

tionship across the range of layer thicknesses investigated, as indicated by the

linear fit in Figure 4.14. The Hall-Petch coefficients (Ky) calculated from the RD

and TD tensile data are 0.078 and 0.080 MPa m1/2 (2480 and 2540 MPa nm1/2),

values that appear realistic when compared to the reported Ky values for pure

Cu and Nb: 0.16 and 0.041 MPa m1/2 [142, 143]. While the dislocation pile-ups

associated with the Hall-Petch model seem improbable in nanoscale laminates,

Figure 4.14 provides empirical support for the use of the Hall-Petch equation for

these materials.

σy = σ0 +Kyh
−1
2 (4.1)

As shown in Figure 4.13, there are significant differences in the flow stresses

along the RD and TD directions. Due to the increase in strength, the differ-
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Figure 4.14: Hall-Petch plots for tensile specimens tested parallel to the rolling
direction (a) and the transverse direction (b). Plot markers are larger than
error bars. Reproduced from Reference [7] with permission from the American
Institute of Physics.

ence between the RD and TD samples appears to increase as the layer thickness

decreases. However when compared on a percent difference basis, the degree

of anisotropy at 2% plastic strain varies between 8% and 13%, and no clear

trend with respect to layer thickness is observed. While potential sources of

anisotropy include crystallographic texture, grain morphology, and interfacial

effects on dislocation motion that may occur at layer thicknesses below 100 nm

[81, 144, 145], the invariance of the observed anisotropy across a wide range

of length scales suggests that the persistent strong crystallographic texture is

responsible for the in-plane tensile anisotropy.
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4.2.2 In-plane tensile anisotropy predictions

In order to determine whether the in-plane tensile anisotropy of these

nanolaminates can be attributed primarily to the effects of crystallographic tex-

ture, full constraints Taylor polycrystal modeling was conducted [81, 88]. The

modeling technique, slip systems, and hardening laws used were discussed in

Section 2.7. While the model used does not consider strain partitioning be-

tween grains or interfacial effects on plasticity, it serves as a means to isolate the

effect of crystallographic texture on plastic anisotropy. The mechanical response

of both the 500 and 30 nm material subject to plane strain tension along the RD

and TD directions was simulated, with the starting texture of each simulation

matching that obtained from EBSD analysis of the undeformed nanolaminates.

The simulated stress-strain data for both the individual phases as well as

the averaged composite response was analyzed and a measure of the level of

anisotropy at 2% plastic strain was obtained using Equation 4.2.

anisotropy level =
σTD − σRD

σTD
× 100 (4.2)

The anisotropy level is defined as the percent difference between σTD and

σRD, where positive values indicate σTD > σRD. This measure allows the 500

and 30 nm results to be directly compared as it removes any dependence on the
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Figure 4.15: Comparison of the predicted single phase (solid blue bars)
and composite (bold lines) anisotropy levels with the experimental composite
anisotropy level (solid red bars). Reproduced from Reference [7] with permis-
sion from the American Institute of Physics.

magnitude of the flow stress.

Both the single phase and composite anisotropy levels predicted by Taylor

modeling are shown in Figure 4.15. For both the 500 and 30 nm material, the

simulations predict σTD > σRD for the individual phases as well as the compos-

ite response. The predicted composite anisotropy levels (10.2% and 9.5%) are

found to be in very good agreement with the experimental anisotropy. While

the calculated single phase results have no experimental counterparts, they are

included in Figure 4.15 as they provide bounds for the composite anisotropy

level. That is, regardless of the assigned relative strengths of the single phases,

the composite anisotropy is bounded by that of the individual phases.

The qualitative effect of texture on anisotropy revealed by polycrystal mod-

eling (σTD > σRD) can be understood by considering how the strain path in RD
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and TD tension compare to the rolling process. Since the initial texture consists

of crystallographic orientations that are stable during rolling (elongation in the

RD and compression along the ND), any deviation from this deformation path

requires significant grain distortion and reorientation. Consequently, TD tension

leads to higher flow stresses than RD tension as it represents an abrupt strain

path change relative to the prior rolling deformation.

The agreement between the predicted and observed experimental anisotropy

level is interesting given that, at layer thicknesses below ∼100 nm, dislocation

motion and deformation mechanisms in metallic nanolaminates are predicted to

differ from that of coarse grained polycrystals [17, 146]. Based on the existing

models, confined layer slip (where dislocation loops glide parallel to the inter-

faces) is likely to be operative in the 65, 30, and 15 nm specimens [146]. Yet the

polycrystal modeling results show that in-plane anisotropy can be predicted and

explained using traditional models that do not account for interfacial effects.

This, combined with the relationship between layer thickness and strength that

is consistent with Hall-Petch, suggests that confined layer slip, if active, does

not substantially alter the plastic response of these ARB Cu-Nb nanolaminates

subjected to layer-parallel tension. However, other types of loading, such as

layer-parallel shear, may involve deformation modes where such influences be-

come evident.
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4.3 Layer normal compressive behavior

Layer normal compression tests were conducted on the Cu-Nb nanolami-

nates with layer thicknesses ranging from 1800-15 nm. The purpose of this

experimental work was to determine the deformability and strain to failure of

these materials. Compression perpendicular to the layers is the most common

loading orientation for micropillar compression of thin film nanolaminates as

it requires little sample preparation aside from gluing the substrate to a stub

and focused ion beam milling of the as-deposited film [77, 147, 148]. While

only limited micropillar compression tests have been conducted on ARB Cu-Nb

nanolaminates, investigators have noted that ND micropillar compression spec-

imens of 18 nm material posses reasonable deformability (∼10%), with final

failure resulting from shear band formation [130].

While the previous tensile tests examined the response of Cu-Nb nanolami-

nates to near plane strain tension (elongation in the RD or TD, contraction along

the ND), layer normal compression tests using compression specimens with a

square cross-section do not provide the same geometric constraint. Additionally,

the materials used for all compression tests were annealed at 400◦C for 30 min-

utes in order to suppress potential delamination. While these factors preclude

direct comparison of the tensile and compressive behavior, the results obtained
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Figure 4.16: Stress-strain curves for specimens compressed along the ND axis.
The data for the 15, 30, and 65 nm specimens post failure have been removed
for clarity, and the failure point is denoted with an ‘x’. All tests were interrupted
at 25% strain.

from compression tests for various layer thicknesses and specimen orientations

can be safely compared.

Compression specimens with the stress axis aligned with the ND were pre-

pared as discussed in Section 2.4. All specimens were tested at a strain rate of

10−3s−1 using rigid and non-rotatable compression platens. The deformation be-

havior of the specimens was monitored using in situ imaging and all tests were

interrupted at an engineering strain of 25%.

The resulting stress-strain curves are shown in Figure 4.16 (where post-
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failure stress-strain data for the 15, 30, and 65 nm specimens have been re-

moved for clarity). As with the tensile tests, a monotonic increase in yield

strength and flow stress with decreasing layer thickness is observed. Further

discussion of the flow strength versus layer thickness trend is deferred until the

end of this chapter, where it will be compared with the results from all compres-

sion specimens. While no evidence of failure was seen in the 1800, 500, 245,

or 140 nm specimens, the 65, 30, and 15 nm specimens failed prior to the 25%

engineering strain at which the tests were interrupted. Figure 4.17 shows the

in situ images captured during the tests and compares the deformation behavior

of the 500, 30, and 15 nm specimens. The 500 nm specimen shows relatively

homogeneous compression with the typical barreling associated with friction at

the specimen ends. Both the 30 nm and 15 nm specimens show evidence of lo-

calized deformation (for example the dark bands across the 30 nm specimen at

10% strain) and fracture. The low deformability of the 15 nm specimen is clear,

with multiple fractures occurring after the initial failure strain of 4%.

Similar localized deformation followed by fracture has been observed during

ND micropillar compression of 18 nm ARB Cu-Nb laminates [130]. Shear band

formation was observed and led to fracture along a shear band at a true strain

of 10% (Figure 4.18). While detailed characterization of the failure mechanism

in the bulk ND compression tests has not been conducted, the evidence of shear
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Figure 4.18: Shear band formation in a micropillar compression test of 18 nm
ARB Cu-Nb. Compression direction is aligned with the ND axis. The stress-
strain plot shows several loading/unloadings during test; failure occurred at a
true strain of 10%. Reproduced from Reference [130] with permission from the
Cambridge University Press.

localization and fracture along bands inclined near 45◦ to the loading axis sug-

gests that shear band formation is responsible for the low strain to failure at

small layer thicknesses.

4.4 Layer parallel compressive behavior

Layer parallel compression tests were conducted on Cu-Nb nanolaminates

with layer thicknesses ranging from 1800 to 15 nm. In contrast to the previous

1Some material in Section 4.4 is reproduced from Enhanced plasticity via kinking in cubic
metallic nanolaminates T. Nizolek, N.A. Mara, I.J. Beyerlein, J.T. Avallone, and T.M. Pollock,
Advanced Engineering Materials 2015 [149].
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ND compression specimens, no layer parallel micropillar compression tests had

been performed for either ARB or PVD Cu-Nb nanolaminates. Thus the results

of bulk compression provided the first indication of the mechanical properties

and deformation behavior of Cu-Nb nanolaminates subject to layer parallel com-

pression. The response of these materials to layer parallel compression is of par-

ticular technological interest as layer parallel compression, combined with layer

parallel tension, occurs during bending of sheet metals and therefore should

provide insight into the formability of these bulk nanolaminate materials.

The compression specimens were prepared and tested as discussed in Section

2.4. All specimens were compressed to a strain of 25% between one fixed platen

and one self-aligning hemispherical tungsten carbide platen with molybdenum

disulfide applied to the specimen ends to minimize friction. While this testing

configuration aids specimen alignment and promotes a uniaxial stress state, as

described in ASTM standard E9-09 [150], efforts to enforce a uniaxial stress

state were unsuccessful at large strains due to the occurrence of pronounced

strain localization (discussed below).

The stress-strain data from the TD and RD compression specimens are shown

in Figures 4.19 and 4.20. As expected, the yield strength and flow stress of

the nanolaminates increase as the layer thickness decreases. RD compression

specimens show lower flow stresses that the TD compression specimens, a result
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Figure 4.19: Stress-strain curves for specimens compressed along the TD axis.
All tests were interrupted at a strain of 25%.

consistent with the tensile data reported in Section 4.2. Discussion of the flow

strength versus layer thickness trend is deferred until the end of this chapter,

where it will be compared with the results from all compression specimens.

Significant differences between the stress-strain response of the larger layer

thickness specimens (1800 or 500 nm samples) and the sub-100 nm specimens

are evident in Figure 4.19. While the curve for the 500 nm specimen shows the

typical increase in engineering stress with increasing engineering strain (result-

ing from the increase in cross-sectional area during compression), the stress-

strain response of the 30 nm specimen is markedly different. For this specimen,
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Figure 4.20: Stress-strain curves for specimens compressed along the RD axis.
All tests were interrupted at a strain of 25%.

a small perturbation occurs shortly after yield, followed by continued deforma-

tion at a near constant stress. Despite this unusual stress-strain response, no

evidence of failure is observed for these specimens tested to 25% strain (with

the exception of the 15 nm specimens which failed by delamination).

The explanation for the unusual stress-strain response is evident from exam-

ination of the in situ images from the tests (Figures 4.21 and 4.22): pronounced

strain localization occurs in the specimens with sub-100 nm layer thickness. The

formation of dark bands traversing the specimens and inclined to the loading

axis occurs simultaneously with the small load drops/perturbations in the stress-
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strain curves. These bands are observed to broaden with increasing compressive

strain, although the formation of additional bands occurs in some specimens

(particularly in those compressed parallel to the RD). The transition between

homogeneous deformation and deformation localized in bands occurs at a layer

thickness of 245 nm, with band formation becoming increasingly pronounced

and occurring at lower compressive strains as the layer thicknesses decreases.

Thus the formation of these localized deformation bands appears to be depen-

dent on the length scale of the lamellar structure.

The dark bands evident in Figures 4.21 and 4.22 correspond to kink bands:

bands of localized shear in which the lamellar microstructure has been uni-

formly sheared and rotated from its initially vertical orientation. The microstruc-

ture of the 65 nm TD compression specimen is shown in Figure 4.23. While the

bands of localized deformation appeared dark in Figures 4.21 and 4.22 (due to

a small amount of local surface relief), the bands do not correspond to crack

formation or obvious material damage. Instead, as shown in Figure 4.23(a)

the material within the kink bands remains fully dense. Figure 4.23(c) shows

an SEM image of a small kink band in the 30 nm TD specimen where the uni-

form shear and layer rotation is obvious. Remarkably, despite the extensive local

shear strain, the layers in the kinked samples remain continuous across the kink

bands and there is no noticeable thinning or thickening of the layers within the
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kink band. There is no evidence of layer fracture or debonding, even at the

boundary of a kink band (Figure 4.23(d)).

(c) non-kinked

 kinked

(a) (b) 

(d) (e)

Figure 4.23: Kink bands in the 65 nm and 30 nm TD compression specimens.
(a) The polished cross-section of the 65 nm compression specimen shows an
absence of cracks along the kink bands which are clearly visible under polar-
ized light illumination (b). (c) The structure of a single kink band in the 30 nm
specimen shows a constant shear strain (60%) and layer rotation within the
deformation band. (d) STEM image of a kink band boundary in the 30 nm spec-
imen shows layer continuity and a small radius of curvature (1.5µm). (e) The
complex network of kink bands extending through the 30 nm specimen contains
both intersections and bifurcations and is revealed using polarized light. The
compression direction is vertical in all images. Image reproduced from Refer-
ence [149] with permission from John Wiley and Sons.

A full discussion of kink bands and kink band formation is deferred until

later, as Chapter 5 is devoted entirely to this phenomenon. However, in order to
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conclude the discussion of the mechanical response of the RD and TD layer par-

allel compression specimens, the angle (β) at which the kink bands form should

be noted. Kink band inclination angles for the first kink bands to form in the RD

and TD specimens are given in Table 4.2. For the TD compression specimens the

kink band inclination angle tends to be shallow, with the angle (β) between the

kink band boundary and the layer normal direction (perpendicular to the stress

axis) equaling approximately 26◦ for the first kink band in the 30 nm TD speci-

men. The result is that there is a large region between the upper and lower kink

bands in 4.21 that the initial kink bands can broaden into and consume. This

occurs at a near constant stress as evident in Figure 4.19. In contrast, the RD

specimens appear to form kink bands at much steeper angles, with the first kink

band to form in the 30 nm RD specimen occurring at an angle of approximately

45◦. Because the compression specimen height to width ratio is 2:1, these kink

bands meet in the middle of the specimen and can only accommodate limited

shear strain before the triangular regions of non-kinked material at the specimen

ends impinge on each other. This means that, unlike the TD compression spec-

imens, the initial kink bands cannot continue to broaden and additional kink

bands, intersecting the original bands, must be formed. The combination of

kink band inclination angle and specimen aspect ratio appears to be responsible

for the difference in stress-strain behavior for the RD and TD specimens shown
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Table 4.2: Range of kink band inclination angles (β) in RD and TD compression
specimens. Measurements were conducted on the first kink bands which formed
and spanned the entire specimen, as subsequent kink band formation may be
influenced by non-uniaxial stress states. Samples where kink band formation
could not be clearly observed in the in situ images are indicated with ‘n.d.’ for
not distinguishable.

245 nm 140 nm 65 nm 30 nm 15 nm
β, TD compression 30-38◦ 32-38◦ 32-37◦ 24-27◦ 21-24◦

β, RD compression n.d. n.d. 43-45◦ 44-45◦ 44◦

in Figures 4.19. The hardening that occurs in the RD specimens after formation

of the initial kink bands suggests that existing kink bands serve as obstacles and

raise the stress required for subsequent kink band formation.

While kink band formation has not previously been reported for nanocrys-

talline nanolaminates, the layer parallel compression tests indicate that it is a

dominant deformation mechanism for Cu-Nb nanolaminates as the layer thick-

ness falls below 100 nm. Kink bands have been reported in other materials

systems such as unidirectional polymer matrix fiber composites [151–153], ori-

ented polymers [154], and anisotropic single crystals [155–157] where their

occurrence has been linked to the presence of a low layer or fiber parallel shear

strength [151, 158–160]. Based on these observations it is expected that the

layer parallel shear strength of the nanolaminates which form kink bands should

be low, and that the difference between shear strength and layer parallel com-

pressive strength of the laminates may show a dependence on layer thickness
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(since the occurrence of kink bands is limited to the sub-250 nm nanolaminates).

In order to determine the layer parallel shear strength, compression tests on

specimens with layers oriented at 45◦ to the stress axis were conducted.

4.5 Layer parallel shear strength

To characterize the layer parallel shear strength of Cu-Nb nanolaminates and

determine whether the shear strength displays a dependence on layer thickness,

compression specimens were machined at a 45◦ angle to the lamellar structure.

While the stress state during compression of these specimens is not one of pure

layer parallel shear, shear tests are notoriously difficult to conduct [161, 162].

The limited dimensions of the rolled nanolaminate material precluded many

standard specimen geometries such as the Losipescu specimen geometry [162]

and thin walled cylinder torsion tests. The 45◦ off-axis tensile test has been

used to explore the shear response of a variety of composite materials and is re-

ported to produce good agreement with shear data obtained from torsion [161],

while 45◦ compressive tests have been used to assess the anisotropy of PVD

Cu-Nb nanolaminates [163] as well as Al-SiC nanolaminates [164]. While the

45◦ compression specimens superimpose the stress states of layer parallel shear

and layer normal compression, they provide a convenient geometry for mea-
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suring the layer parallel shear strength and produce data that, at the very least,

provide a self-consistent measure of layer parallel shear strength and anisotropy.

4.5.1 Experimental layer parallel shear strength

Two sets of specimens were prepared: 1) specimens with the compression

axis at 45◦ to the TD-ND plane (with the maximum resolved shear stress parallel

to the RD), and 2) specimens with the compression axis at 45◦ to the RD-ND

plane (with the maximum shear stress parallel to the TD). Both specimen types,

referred to as RD45 and TD45 respectively, allow layer parallel shear to occur

during compression. All 45◦ compression specimens were compressed between

rigid non-rotatable platens lubricated with molybdenum disulfide. Lubrication

is essential for 45◦ compression tests as any asymmetric shape change driven by

layer parallel shear naturally induces sliding at the compression specimen ends.

In situ imaging was conducted in order to monitor the specimens and observe

the shape change of the specimens.

The resulting stress-strain curves for the RD45 and TD45 compression spec-

imens are shown in Figures 4.24 and 4.25. The stress measure for these plots

is the compressive engineering stress calculated from the cross-sectional area of

the undeformed specimens (the layer resolved shear stress will be half of the
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Figure 4.24: Stress-strain curves for 45◦ compression specimens oriented for
layer parallel shear along the TD. (TD45 specimens)

compressive stress). Significantly lower yield and flow stresses are observed for

these specimens, compared to the ND, RD, and TD compression specimens pre-

viously discussed. Figures 4.24 and 4.25 also provide evidence of in-plane shear

strength anisotropy, with the RD45 compression specimens showing a higher

flow stress than the TD45 compression specimens, suggesting that the shear

strength of the layers along the RD is higher than that along the TD.

Figures 4.26 and 4.27 show images of the specimens at 0, 5, 10, 15, and

20% compressive strain. It is apparent from the asymmetric shape change that

compression is largely accommodated by layer parallel shear. At strain levels

<10%, shearing of the TD45 specimens appears fairly homogeneous outside of
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Figure 4.25: Stress-strain curves for 45◦ compression specimens oriented for
shear along the RD (RD45 specimens).

the triangular constrained specimen end regions. Shear appears to be more lo-

calized in the RD45 specimens, yet it still occurs over regions that are hundreds

of microns wide and contain thousands of layers.

Images from post-test characterization showing a 30 nm and 65 nm TD45

specimen after 25% strain are shown in Figures 4.28 and 4.29. The sheared lay-

ers remain inclined to the loading direction and cracks that developed near the

end of the compression tests are visible. The cracks, such as the one shown in

Figure 4.28(c) frequently do not follow the layers, but rather often lie at a shal-

low inclination angle with respect to the layer direction. Layers near the bottom

corner of the 30 nm specimen that, due to layer parallel shear, impinge on the
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Figure 4.26: Images of TD45 compression specimens at 0, 5, 10, 15, and 20%
strain.
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strain.
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(a) (b)

(d)(c)

c

d

kink bands

Layer direction

Figure 4.28: Post-test images of a 30 nm TD45 compression test showing an in
situ image at 25% strain (a), and a bright field photomicrograph of the cross-
sectioned specimen (b). Crack formation at a shallow angle with respect to
the layer direction occurs at large strain (>20%) (c), and kink bands are ob-
served near the original right hand corner of the specimen where the layers
have sheared and impinged on the compression platen.

specimen platen are observed to form kink bands (4.28(d)). Kink band forma-

tion in this region results from the layer parallel component of the compressive

stress combined with the constraint of the platen which precludes continued

layer parallel shear. Due to the formation of both kink band and cracks at large

compressive strains, calculations of layer parallel shear stresses from the stress-

strain data shown in Figures 4.24 and 4.25 are made using data from small

compressive strains (2%).
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(c)
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Kink BandsLayer direction

Figure 4.29: Post-test images of a 65 nm TD45 compression test showing an in
situ image at 25% strain (a), and a bright field photomicrograph of the cross-
sectioned specimen (b). Crack formation occurs at large strain (>20%) (c), and
kink bands are observed in the wake of the shear crack, where crack surface
contact leads to layer parallel compressive stresses.

While the stress-strain results from the 45◦ compression tests combined with

the in situ observations indicate that the weak shear plane lies parallel to the

layer interfaces, a final confirmation was made by compressing 30 nm Cu-Nb

nanolaminate material at various orientations with respect to the layer direction.

In all cases, the shear direction was parallel to the TD axis. The resulting flow

stresses at 2% compressive strain, shown in Figure 4.30, confirm that the weak

shear plane is indeed the plane of the layers. The compressive strength of the off-

axis samples decreases as the layer inclination angle moves from 0◦ to 45◦ and
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increases from 45◦ to 90◦. This matches the behavior expected based on the

resolved shear stress acting on the lamellae.
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Figure 4.30: Flow stress at 2% offset for 30 nm specimens cut at various angles
about the RD (shear direction is the TD).

4.5.2 Compression test anisotropy summary

A comparison of the flow stress at a 2% offset for the ND, TD, RD, TD45,

and RD45 compression specimen is shown in Figure 4.31. Variation in plas-

tic anisotropy with layer thickness is evident. At layer thicknesses of 250 nm
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and above, the layer parallel shear strength is lower than the layer parallel or

layer normal strength, yet no significant effect of layer thickness is observed (all

flow stresses appear to increase linearly and commensurate with the decrease in

layer thickness). In contrast, as the layer thickness is decreased below 250 nm,

the stress required for layer parallel shear diverges from that required for layer

parallel stretch (RD, TD, or ND compression). While the Hall-Petch type linear

relationship between layer thickness and strength applies to the RD, TD, and ND

data, the layer parallel shear strength does not follow this relationship, and in

the case of the TD45 compression specimens, remains approximately invariant

with respect to layer thickness below 250 nm. As with the RD-TD anisotropy

observed for the tensile results presented in Section 4.2, the differences in RD,

TD, and ND flow stresses are small and likely attributed to the effects of crystal-

lographic texture. The magnitude of the difference between these flow stresses

and the flow stresses of the TD45 and RD45 specimens is very large for sub-

100 nm layer thicknesses (differing by 30-60% depending on the layer thick-

ness) and requires additional explanation.
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4.5.3 Microstructural origins of low shear strength

Two aspects of the layer parallel shear response are intriguing: 1) the stress

required for layer parallel shear along the RD direction is higher than that for

shear along the TD direction (in plane shear strength anisotropy) and 2) the

stress required for layer parallel shear is much lower than the stress required

for layer parallel stretch (tension or compression parallel to the layer direction,

Figures 4.13, 4.19 and 4.20). The effect of various microstructural features on

both types of anisotropy will be discussed in the following sections.

Lamellar architecture

Some anisotropy in mechanical response is expected based solely on the

lamellar architecture of the nanolaminate material. The layer parallel tensile

specimens, layer parallel compression specimens, and layer normal compression

specimens all require co-deformation of the Cu and Nb phase. The response of

the specimens to the iso-strain loading conditions is expected to be an average of

the mechanical response of each phase, as discussed in Section 4.2. Comparison

of Figures 4.16, 4.19 and 4.20, and the 2% flow stress data for all compression

specimens summarized in Figure 4.31, reveals that the flow stress of each mate-

rial is roughly comparable in all of these tests, with the dependence of flow stress
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on layer thicknesses following a Hall Petch type relationship. Some anisotropy is

driven by crystallographic effects on slip system activity, as discussed in Section

4.2, yet the differences are on the order of 10% or less.

The results for the 45◦ compression specimens are markedly different than

the other test orientations: at all layer thicknesses the 2% flow stress for the

45◦ compression specimens is significantly lower that that of the other spec-

imens (varying from 30-60% lower depending on the layer thickness). The

in situ imaging shows non-symmetric deformation and indicates that exten-

sive layer parallel shear occurs during compression. For layer parallel shear

of a lamellar composite, the co-deformation constraint is removed. That is, the

stress-strain response will be governed by the mechanical behavior of the weaker

phase while, in theory, the stronger phase could remain elastic. In practice, the

slightly wavy interfaces observed in the rolled Cu-Nb nanolaminates result in

some degree of mechanical interlocking and preclude such a simple response.

Nevertheless, the co-deformation constraint between Cu and Nb is significantly

relaxed compared to that required for layer parallel tension/compression.

The effects of constraint and co-deformation may partially explain the flow

strength of the 45◦ compression specimens. While the flow stress of the indi-

vidual Cu and Nb phases has not been determined for the very fine layer thick-

nesses studied here, nanoindentation tests performed on ARB processed Cu-Nb
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nanolaminates show that, at a layer thickness of 27µm, the Nb phase is sig-

nificantly harder than the Cu phase (0.92 versus 1.16 GPa) [89]. This suggests

that strain partitioning during layer parallel shear would occur as a result of the

relative ease of deformation of the Cu layers.

While a lamellar architecture and phase flow stress mismatch may, in part,

explain the difference between the 45◦ compression flow stress (layer parallel

shear) and the RD, TD, and ND compression (layer parallel stretch), it cannot

explain the difference in shear strength along the TD versus RD direction. In-

stead, if this result is to be attributed to the lamellar architecture, layer waviness

must be invoked: a difference in layer parallel shear strength for shear in the

RD versus TD directions could be the result of varying degrees of layer waviness

along these two directions. The layer parallel shear strength of wavy elastic-

elastic/perfectly plastic lamellar composites has been explored numerically by

Khatam [165]. For a sinusoidal lamellar composite, in-plane shear parallel to

the wavy layers requires higher stresses than in-plane shear perpendicular to

the direction of waviness (which closely matches the response of a perfectly flat

laminate). Characterization of ARB processed Cu-Nb nanolaminates has shown

that the layer waviness is greater along the RD than the TD, a result attributed to

flow localization during rolling. Thus shear along the RD would be expected to

occur at a higher shear stress than shear along the TD, provided the Cu and Nb
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phases have different yield or flow stresses. While the effects of layer waviness

cannot be quantified without knowledge of the relative mechanical properties of

Cu and Nb at the layer thicknesses tested, the flow stress trend expected based

on layer waviness matches the observed shear stress anisotropy, where the layer

parallel shear strength along the RD is higher than that along the TD.

Crystallographic effects

In addition to the effects of lamellar architecture and layer morphology, the

strong crystallographic texture of the Cu-Nb nanolaminates may be responsible

for the strength anisotropy. Mean field polycrystal modeling can be employed

to determine whether the shear stress anisotropy expected based on crystallo-

graphic texture alone is consistent with the experimentally observe shear stress

anisotropy. This analysis is similar to the procedure that was used to explain the

layer parallel tensile behavior.

Unfortunately, direct comparison of polycrystal modeling results for layer

parallel tension/compression with layer parallel shear is not possible due to the

lack of information about the relative strengths of the Cu and Nb layers. For

a perfectly lamellar composite, the layer parallel shear strength would be gov-

erned by the weaker phase while the layer parallel tensile/compressive strength
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would be an average of the two individual phase responses (weighted by the rel-

ative strength of each phase). Without information about the relative strengths

of these very thin layers (30 nm), a weighted average capturing the tensile flow

stress cannot be constructed and therefore an accurate comparison between

layer parallel stretch and layer parallel shear cannot be made.

Polycrystal modeling can, however, be used to explore the effects of crystal-

lographic texture on the RD versus TD shear anisotropy. The modeling proce-

dure used is identical to that discussed for layer parallel tension (Section 4.2),

with the exception that the input velocity gradient corresponded to layer par-

allel shear along the RD or TD direction instead of plane strain layer parallel

tension. The deformation was applied in increments of 1% shear strain, with

crystallographic texture and slip system hardening values updated after each

increment. The RD shear flow stress (τRD) was compared to the TD shear

flow stress (τTD) at 5% plastic shear strain as this is the level of shear strain

in the unconstrained region of the compression specimens that corresponds to

2% macroscopic compression (shown schematically in Figure 4.32(a)). Single

phase simulations were conducted for both the 500 nm and 30 nm material.

The results for each phase are presented separately since, without assessing the

relative strengths and modeling the effect of waviness on strain partitioning, a

satisfactory homogenization scheme cannot be devised.

153



10

20

30

S
h

e
a

r 
S

tr
e

ss
 A

n
is

o
tr

o
p

y
 L

e
v

e
l

   
(τ

R
D
 -

 τ
T

D
) 

/ 
τ

R
D
  x

 1
0

0

500 nm 30 nm

Ta
y

lo
r 

 C
u

Ta
y

lo
r 

 N
b

E
xp

e
ri

m
e

n
ta

l

3
0

 n
m

Ta
y

lo
r 

 C
u

Ta
y

lo
r 

 N
b

E
xp

e
ri

m
e

n
ta

l

5
0

0
 n

m

(a) (b)

Figure 4.32: Comparison of experimental and modeled shear stress anisotropy.
(a) shows a schematic of a 45◦ compression specimen compressed to 2% com-
pressive strain accommodated via 5% shear strain in the unconstrained inclined
layers. (b) compares the experimental and modeled shear stress anisotropy
for the 500 nm and 30 nm Cu-Nb nanolaminates. Positive values indicate
(τRD > τTD).

The predicted anisotropy, show in Figure 4.32(b), was calculated as a per-

cent difference in flow stress for RD shear versus TD shear, where positive values

indicate (τRD > τTD). While the degree of anisotropy predicted by polycrys-

tal modeling shows the correct trend for both the Cu and Nb layers (i.e. the

predicted τRD is greater than the predicted τTD), the difference in magnitude

between the experimental anisotropy levels and the predicted anisotropy is sig-

nificant. While the experimental anisotropy level for the 500 nm and 30 nm

laminate material is 21.5% and 33%, the predicted levels for Cu are 6.4% and

3.6% respectively, and the predicted Nb anisotropy levels are 12.8% and 13.2%.

The disagreement between experimental and predicted anisotropy is even more

severe if it is assumed that the Cu phase is weaker and therefore dictates the

154



layer parallel shear strength of the composites (as suggested by nanoindenta-

tion data of larger layer thickness laminates [89]).

The modeling suggests that the effects of crystallographic texture are insuf-

ficient to explain the experimentally observed anisotropy in layer parallel shear

strength at either 500 or 30 nm. Further, the model results do not show the

experimentally observed increase in RD versus TD shear stress anisotropy as the

layer thicknesses decreases. The predicted anisotropy at 30 nm is either equal

or less than the anisotropy at 500 nm, depending on the details of the homog-

enization scheme used. While crystallographic texture effects may contribute

in some small part to the observed trend of τRD > τTD, it is clear from Figure

4.32(b) that other factors play a more dominant role in determining the layer

parallel shear strength anisotropy.

Interfacial shear strength

The high density of Cu-Nb interfaces in these nanolaminate materials raises

the possibility that interfacial shear at the Cu-Nb interfaces controls the material

response during layer parallel shear. Interface shear/sliding in PVD Cu-Nb lam-

inates, with planar KS interfaces, has been investigated using atomistic simula-

tions by Wang and coworkers [22, 80]. They found that the interfaces observed
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in PVD Cu-Nb had an in-plane anisotropic shear strength that was low compared

to the strength of the nanolaminates as estimated from nanoindentation hard-

ness data. For the two types of KS interfaces they considered, the shear strength

ranged from 0.4 to 1.1 GPa and 0.06 to 0.18 GPa, with exact interface shear

strength depending on the in plane shear direction (due to the crystallographic

anisotropy). It was proposed that the sliding mechanism involved dislocation

loop nucleation and dislocation glide at the interface. Based on these calcula-

tions, the average shear strength of the interfaces in PVD Cu-Nb nanolaminates

was taken to be 500 MPa [78]. The low layer parallel shear strength of these

PVD laminates was confirmed by 45◦ micropillar compression tests [163], and

direct observation of interfacial shear during TEM nanoindentation suggested

that interfacial shear was responsible for the low layer parallel shear strength

[163]. The layer parallel shear strength estimated from these experiments was

reported as 300 to 550 MPa, within the range of values expected from atomistic

simulation of interfacial shearing.

While interface shearing is accepted as a potential deformation mechanism

in PVD Cu-Nb nanolaminates, the interface crystallography of ARB processed

Cu-Nb nanolaminates is significantly different. The {112} KS interfaces observed

in ARB Cu-Nb laminates are atomically faceted, and interface sliding is predicted

to be very difficult. Wang [21] conducted atomistic modeling (simulation tech-
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Figure 4.33: Calculated interfacial shear stress map for ARB Cu-Nb {112} KS
type interfaces. The directions x, y, and z correspond to the RD, ND, and TD
directions respectively. Adapted from Reference [21].

niques identical to that used for the earlier work on PVD interfaces) and found

that, depending on the shear direction, either 1) shear occurred at the interface

at a very high shear stress of approximately 1.5 GPa, or 2) interface shear was

not possible and dislocation emission from the interface occurred instead. The

two dimensional flow strength map obtained from these calculations is shown in

Figure 4.33. While this shear strength has not been experimentally confirmed,

the conclusion that interfacial shear of a faceted interface would require much

higher stresses than interfacial shear of an atomically flat interface is intuitive.

Given the very high predicted shear strength of the interfaces in ARB Cu-Nb
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nanolaminates (1.5 GPa, which would requiring an applied compressive stress

of 3 GPa to activate layer parallel shear during compression at 45◦ to the lay-

ers), the experimentally observed low layer parallel shear strength (∼400 MPa

for shear along the TD) does not appear to result from shearing of the Cu-Nb

interfaces.

Grain Morphology

A final potential cause for the low layer parallel shear strength may be the

effects of very high grain aspect ratios in the sub-100 nm layer thickness Cu-Nb

nanolaminates. The divergence between the layer parallel shear strength and

the layer parallel (or layer normal) compressive strengths appears to begin at a

layer thickness of 245 nm (Figure 4.31). This layer thickness marks the point at

which the Cu layers become single crystal through thickness, with grains becom-

ing increasingly elongated as the layer thickness is further refined. The corre-

lation between nanoscale, high aspect ratio grains and the observed anisotropy

suggests that grain morphology may influence the layer parallel shear strength.

The effects of grain morphology on plastic anisotropy are not well under-

stood and, compared to the effects of crystallographic texture, have received

limited attention in the scientific literature. One notable example of grain mor-
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phology driven anisotropy is the work of Yoshinaga et al. studying the Lank-

ford coefficient, or R-value, of electro-deposited (ED) iron sheets with high as-

pect ratio needle-shaped grains [166]. The R-value is the ratio of in-plane and

through-thickness strains during tension and is commonly used to describe the

anisotropic response of sheet metals to tensile straining. Unexpectedly high R-

values were observed in the high aspect ratio ED iron and it was shown that the

anisotropy exceeded that predicted by considering crystallography alone [166].

This experimental result prompted several theoretical studies, notably by

Delannay [144] and Alankar [167]. Both works attributed the plastic anisotropy

to the effects of grain shape on slip system activity, with Delannay accounting for

the effects of dislocation pile-up backstresses to show that slip systems parallel

to the long axis of the grains were favored [144], while Alankar considered the

effects of edge and screw dislocation velocities and the effect of grain shape

on forest hardening [167]. Both studies concluded that slip system activity on

planes lying nearly parallel to the long axis of the grains was enhanced due to

the effects of grain shape.

That dislocation motion should occur more readily on slip planes intersecting

few obstacles (other dislocations, grain boundaries, twin boundaries, subgrain

boundaries, etc.) is intuitive and has been frequently invoked under the idea of

a ‘effective mean free path’ for dislocation glide [144, 168]. Materials that natu-
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rally contain a high density of planar oriented boundaries, such as nanotwinned

metals, have received particular attention, with dislocation motion parallel to

the twin boundaries predicted to be favored [169, 170]. The orientation of slip

systems with respect to these twin boundaries has been used to explain the low

twin-boundary parallel shear strength that is experimentally observed [171].

While the crystallographic texture of Cu-Nb nanolaminates is considerably

more complicated than the nanotwinned metals discussed above, and no sin-

gle slip plane is predominantly oriented parallel to the Cu-Nb interface, similar

arguments based on a dislocation mean free path would suggest that a high

density of lamellar Cu-Nb boundaries and a low density of in-plane Cu-Cu and

Nb-Nb boundaries should drive plastic anisotropy and a low layer parallel shear

strength. This effect from the relative grain boundary/interface densities should

become clear when the boundaries are the dominant dislocation obstacles (i.e.

when the grain size is sufficiently small that the effects of dislocation entangle-

ment or subgrain dislocation cell formation are minimal). While this argument

would require extensive modeling to confirm, the correlation of the experimen-

tally observed low layer parallel shear strength with the transition in grain mor-

phology and aspect ratio, combined with the similar effects demonstrated in

nanotwinned metals, lend credence to this proposition. Further work elucidat-

ing the role of grain morphology on plastic anisotropy is needed.
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4.6 Summary

Microstructural characterization has revealed that significant changes in

crystallographic texture, grain size/morphology, and Cu-Nb interface structure

occur as the layer thickness of Cu-Nb multilayers is refined using ARB. The

crystallographic texture of both Cu and Nb strengthens as the layer thickness

decreases, and {112}Cu‖{112}Nb [111]Cu‖[110]Nb emerges as the predominant

and stable interface orientation relationship. Grain refinement occurs during

rolling, with even coarse (20µm) multilayers possessing sub-micron grain sizes.

With further processing, both the Cu and Nb layers become predominantly sin-

gle crystal in the through-thickness direction. This transition occurs at 245 nm

in the Cu phase and between 140 and 30 nm in the Nb phase. The grains in

these nanolaminates become extremely elongated, with aspect ratios exceeding

1:50:5 (ND:RD:TD) at layer thicknesses ≤ 65 nm [123].

Uniaxial tensile tests conducted parallel to the rolling direction (RD) and

transverse direction (TD) demonstrate that ductility generally decreases with

decreasing layer thickness, however at 30 nm both high strengths (1200 MPa)

and significant ductility (8%) are achieved. The yield strength increases mono-

tonically with decreasing layer thickness, consistent with the Hall-Petch rela-

tionship, and significant in-plane flow stress anisotropy is observed at all layer
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thicknesses. Transverse direction tensile specimens show a higher flow stress

compared to rolling direction specimens and polycrystal modeling demonstrates

that this anisotropy can be attributed primarily to the effects of crystallographic

texture.

Compression tests conducted with the stress axis parallel to the ND, RD, and

TD confirm the Hall-Petch type relationship between layer size and strength.

The flow strength of samples tested in these orientations is comparable for all

layer thicknesses, with the small variations that exist likely resulting from the

effects of crystallographic texture (as demonstrated for the tensile specimens).

The formation of kink bands is observed during layer parallel compression tests,

and will be discussed further in Chapter 5.

The Cu-Nb nanolaminates possess a low layer parallel shear strength, as indi-

cated by compression tests conducted at 45◦ to the layered structure. The shear

strength for RD shear is higher than that for TD shear, an effect that is consis-

tent across all layer thicknesses and may be attributed to the effects of layer

waviness. In contrast to the mechanical tests where co-deformation of the Cu

and Nb layers is required (layer parallel tension/compression and compression

along the ND), the relationship between strength and layer size does not fol-

low a Hall-Petch relationship for layer parallel shear. Instead, the shear strength

either plateaus (for TD shear) or shows a weak increase with decreasing layer
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size (RD shear) at layer thicknesses below 245 nm. The result is that ARB Cu-

Nb nanolaminates become increasingly anisotropic as the layer thickness falls

below 245 nm, with the stress required for layer parallel stretch diverging from

that required for layer parallel shear. It is proposed that the effects of grain

aspect ratio are responsible for the increase in anisotropy with decreasing layer

size (and increasing grain aspect ratios). While additional studies elucidating

the effects of grain shape on plastic anisotropy are needed, the experimental re-

sults indicate that the layer parallel shear versus layer parallel stretch anisotropy

increases dramatically below 245 nm and is correlated with an increase in grain

aspect ratio. The role of this anisotropy in driving an unusual form of deforma-

tion known as kink band formation will be discussed in the following chapter.
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Chapter 5

Kink Band Formation

In this chapter, the phenomenon of kink band formation in ARB Cu-Nb

nanolaminates will be discussed.1 Detailed analysis of the kink bands formed

during the bulk compression tests shown in Section 4.4 will be presented, with

particular emphasis on the microstructural observations that provide insight into

the kinematics of kinking. This will include discussion of the geometry of kink

bands and the deformation at a kink band boundary. The results from micropil-

lar compression tests conducted at Los Alamos National Laboratory will be dis-

cussed. These tests provide a clear view of the mechanism of kink band for-

mation in small scale specimens, where a single kink band is observed to form.

1A substantial amount of material in Chapter 5 is reproduced from Strain fields induced by
kink band propagation in Cu-Nb nanolaminate composites T.J. Nizolek, M.R. Begley, R.J. McCabe,
J.T. Avallone, N.A. Mara, I.J. Beyerlein, and T.M. Pollock, Submitted to Composites Part A.
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The resulting load-displacement data (corresponding to the formation of a sin-

gle kink band) quantifies the geometric softening that results from the rotation

of material within the band.

The insight into the kinematics of kink band formation gained from these

observations is used to construct a simple analytical model of plane strain kink

band formation in a perfectly plastic anisotropic material. Bifurcation analysis is

not conducted, thus this model attempts to explain the formation of a kink band

from an initial material defect. In the model, the stresses are uniform through-

out the sample and kink band formation is assumed a priori. The strain rates

and deviatoric stresses required to form a kink band are obtained as a function

of the kink band geometry. Conditions are then sought for which the necessary

stresses for kink band formation violate the yield criterion outside of the kink

band, a procedure which is found to place bounds on the acceptable kink band

inclination angle (β). The stresses and strains during kink band formation are

then used to obtain the plastic work rate during kinking. Arguments based on

the work rate indicate that continued shear and rotation of a kink band beyond

φ = 2β is unfavorable compared to the formation of a new kink band.

While much of this chapter is devoted to analyzing the deformation within

a kink band, Section 5.6 is devoted to the phenomena of kink band propaga-

tion and analysis of the strain fields generated in the surrounding specimen. In
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situ SEM compression tests provide high magnification views of kink band prop-

agation in bulk (1 mm×1 mm×2.5 mm) specimens, elucidating the sequence of

events leading to kink band formation as well as kink band intersections. Kink

band propagation is further analyzed using digital image correlation strain map-

ping during bulk compression testing. The displacement and strain fields indi-

cate that significant distortion of the specimen is required when kink bands form

via initiation followed by propagation across a large specimen. DIC strain maps

for the material surrounding a propagating kink band will be presented and used

to show that the energy dissipated in this material is significant (on the order

of that dissipated by the shear within a kink band). Comparisons will be drawn

between a propagating kink band and a mode II crack, and the implications for

a fracture mechanics based approach to kink band formation will be discussed.

The final section of this chapter is devoted to the geometry of kink band

intersections. Rules initially developed for deformation twin intersections are

shown to be applicable to kink band intersections. From these rules, a required

angular relationship between the crossing kink band and the crossed kink band

is obtained. It is also determined that kink bands with a band inclination angle

<22.5◦ cannot be crossed by a second kink band. Even when the orientations of

the kink bands are such that one kink band may cross the other, the formation

of a kink band intersection results in a constraint that inhibits the crossed kink
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band from broadening to accommodate further compressive strain. This analysis

of kink band intersections elucidates the sequence of events required to form the

complex networks of kink bands observed in Cu-Nb nanolaminates.

5.1 Introduction

5.1.1 Kink band morphology and definition

Kink band formation is a type of strain localization that has been observed

in a multitude of anisotropic single phase and composite materials. While sig-

nificant attention has been given to kink band formation in fiber composites due

to the technological importance of these materials [151–153], kink bands have

also been observed in oriented polymers [154], geological and mineral samples

[172, 173], biological materials such as wood and abalone shell [174, 175], and

low symmetry single crystals such as cadmium, ceramic ternary carbide ‘MAX’

phases, and freshwater ice [155–157]. Figure 5.1 shows images of kink bands in

several different material systems. Despite the broad range of material classes

and constitutive behaviors, the observed deformation bands possess common

features that warrant the use of the general term ‘kink band.’ A kink band can

be defined by the following characteristics: 1) the deformation band consists
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of a region that is either microstructurally or crystallographically misoriented

from the rest of the sample, 2) the angle of misorientation (φ) is approximately

uniform across the width of the band, and 3) there exists a specific relationship

between the boundary of the deformation band and the rotation of the material

within the deformation band such that the boundary nominally bisects the an-

gle made between the deformed and undeformed material (φ = 2β as shown in

Figure 5.2(a)). This definition excludes other types of deformation bands such

as shear bands, compaction bands, and slip bands. While defining a kink band

based on these three morphological characteristics is appealing in that it does

not place restrictions on the kinematics or deformation processes of kink band

formation (which may vary among material classes), a definition based solely on

morphology would necessarily include deformation twins as a type of kink band.

Twins are not generally considered kink bands, although the striking geometric

similarities have been discussed [176]. While twins, from a continuum mechan-

ics perspective, could be considered to be a special subset of kink bands where

the magnitude of shear is prescribed by the need to preserve the crystallographic

structure, convention dictates that twins should be excluded. This requires the

addition of a somewhat contrived fourth criterion for kink bands: 4) the plane

of the kink band boundary must not be restricted to a specific crystallographic

plane.
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(a) (b)

(c) (d) (e)

Figure 5.1: Images showing examples of kink bands in several material systems.
Kink bands have been observed to form in (a) an AS4-PEEK unidirectional poly-
mer matrix composite (from Reference [177]), (b) pyrolytic graphite (from Ref-
erence [178]), (c) oriented polyethylene (from Reference [154]), (d) a 30 nm
Cu-Nb nanolaminate, and (e) an Ni-Ni3Al alloy single crystal (from Reference
[179]). (a),(b), and (e) are reproduced with permission from Elsevier while (c)
is reproduced with permission from John Wiley & Sons.
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A common feature of all materials which form kink bands is pronounced

mechanical anisotropy. Specifically, the material must possess a set of planes

along which the shear strength is very low. For example, in unidirectional fiber

or layered composites the necessary anisotropy for kink band formation occurs

due to the architecture of the composite; shear on a plane parallel to the fibers

or layers requires a much lower stress than shear along any other direction due

to the lower strength of the matrix phase [151, 158]. In single phase materials

which form kink bands, such as low symmetry single crystals, the anisotropy is

inherent to the material, with the planes of low shear strength being the (of-

ten single set of) crystallographic slip planes on which dislocation glide readily

occurs [159, 160].

When the material is oriented so that the planes of low shear strength are

nominally parallel to a compressive stress, a region or band of the material con-

taining slightly misoriented fibers or layers may yield (prior to global yield) as

a result of the fiber parallel shear stress. Due to the constraint imposed by the

surrounding material, this band shears and rotates the fibers, a process that ini-

tially increases the resolved shear stress parallel to the fibers in the misoriented

region (Figure 5.2(b)). The resultant geometric softening produced by shear

and rotation creates a localized band of misoriented material. The band ‘locks

up’ after a certain amount of rotation (at φ = 2β, Figure 5.2(a)), with further
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specimen compression being accommodated either by additional kink band for-

mation or by broadening of the original kink band [153, 158]. While kink band

formation is most easily visualized by considering the presence of an initial mis-

orientation, bifurcation analysis indicates that kink band formation could occur

even in perfectly aligned materials [180].

Kink band formation (achieving a fully rotated (φ = 2β) kink band spanning

the entire cross-section) can be envisioned to occur in two ways: 1) a region

of material shears uniformly across the entire specimen (Figure 5.2(b)), or 2)

formation occurs first by nucleation at a stress concentration followed by propa-

gation of the band across the specimen (Figure 5.2(c)). Reports in the literature

offer conflicting views of which of these two mechanisms best describes kink

band formation, with some experimental studies [158, 177] indicating that kink

bands form by propagation across a specimen, while other experimental studies

and analytical models [181–183] treat kink band formation as if a kink band

occurs through uniform shear and rotation of a band of material.

5.1.2 Origins of the kink band geometry

Previous studies [152, 153, 172–174, 184–187] of kink bands in a wide

range of materials have shown that the angle of rotation of material within a
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φ

β
Kink band formation via uniform shear

(b)(a)

Kink band formation via nucleation and propagation

(c)

Figure 5.2: (a) Schematic illustrating the morphology of a kink band showing
the φ = 2β relationship. The kinked sample can be envisioned to form via the
uniform shearing of a band of material (b) or by an initiation and propagation
sequence (c). The final deformed state may be nearly identical.

kink band (φ) is twice the angle made between the band and fiber/layer normal

direction (β), as shown in Figure 5.2(a). This condition (φ = 2β) imposes a

limitation on the shear strain within a kink band and distinguishes kink bands

from other forms of localization, such shear bands, were extremely large local

strain can occur and lead to failure [140, 188–190].

For many systems that form kink bands, such as fiber composites, the φ = 2β

relationship has been explained by considering the layer transverse strains

within a kink band. For φ < β, dilatation within the kink band is required -

the fiber/layer spacing must be larger than the fiber/layer spacing in the non-
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kinked material (Figure 5.3(a)). At φ = 2β, the fiber/layer spacing within the

kink band is required to be equal to the layer spacing outside the kink band,

while for φ > 2β, the layer spacing within the band would be less than the spac-

ing outside of the band. This is demonstrated schematically in Figure 5.3. For

fiber composites materials consisting of high strength fibers in a compliant ma-

trix, kinking is envisioned to occur by the uniform rotation of a band of material

traversing the specimen (as shown in Figure 5.2(b)). The fibers are considered

to be inextensible during this process, a reasonable assumption given the lack

of plasticity in the often studied glass or carbon fiber reinforcement materials.

Therefore, the positive layer transverse strains during rotation from φ = 0 to

φ = β are accommodated initially by elastic strains in the compliant polymer

matrix, followed by debonding at the fiber-matrix interfaces at rotations larger

than a few degrees [191]. This debonding is required as, although compliant,

the polymer matrix cannot entirely accommodate the large non-isochoric de-

formations associated with large transverse strains and negligible longitudinal

strains along the length of the kinked fibers. The voids between the debonded

fibers and matrix reach a maximum size at φ = β (maximum transverse strain)

and begin to close up as fiber rotation continues towards φ = 2β. When a rota-

tion of φ = 2β is reached, the layer transverse strains go to zero, the fibers are

again in intimate contact with the matrix, and further rotation is largely pro-
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(a) 

φ=30°

φ=90°

φ < 2β φ = 2β φ > 2β

φ=60°

(b) (c) 

β=30° β=30° β=30°

Figure 5.3: Schematic illustrating the transverse strains associated with various
φ to β relationships.

hibited by incompressibility within the band. That is, while positive transverse

strains (Figure 5.3(a)) are accommodated by debonding and void formation,

negative transverse strains cannot be accommodated with a volume preserving

matrix and inextensible fibers [158].

According to Vogler [187], that minimization of the geometrically necessary

transverse strains leads to the φ = 2β condition was first suggested by Paterson

and Weiss in 1966 [172], although Paterson cites an even earlier work by Mügge

from 1897 [192]. This rationale has been widely accepted and incorporated into

kink band analysis, for example, by Evans and Adler [152], Fleck and Budiansky

[193], and Moran et al. [153]. The explanation for the ubiquitous φ = 2β

relationship arrived at by consideration of transverse strains has a sound basis

in fiber composite literature where fibers can be treated as essentially rigid.
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Kink bands in metallic nanolaminates also display the φ = 2β angular re-

lationship, however the traditional argument for this relationship is difficult to

apply to layers consisting of ductile metals. As with fiber composites, the stress

required for layer parallel shear in Cu-Nb nanolaminates is much lower than

that required for layer parallel tension or compression (Figure 4.31), yet nei-

ther phase can be treated as rigid or purely elastic during kinking. Further,

the minimal load drop associated with kink band formation in Cu-Nb nanolam-

inates (Section 4.4) stands in contrast to the response during kinking in fiber

composites, where kink band formation often occurs during a tremendous load

drop (with the stress frequently falling to one half of the value prior to kink

band formation [153], provided complete failure does not occur). Figure 5.4

compares the mechanical response of a 30 nm Cu-Nb TD compression specimen

during kink band formation to that of several other materials that form kink

bands. The combination of high strengths and large deformability in the Cu-Nb

material is striking. These differences in constitutive behavior and mechanical

response raise the question of whether the non-volume preserving kinematics

(interface debonding followed by the collapse of the band to φ = 2β) that are

envisioned for kinking in fiber composites is applicable to kinking in ductile

metallic nanolaminates.
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Figure 5.4: Unidirectional fiber reinforced composites [194] and intermetallics
such as NiAl [195] form kink bands at high stresses but display low strains to
failure while highly oriented polymers [196] and single crystal metals [197]
form kink bands at stresses far too low for structural applications (<40 MPa).
Kinking in Cu-Nb nanolaminates results in an exceptional combination of very
high strength and large deformation when compared to conventional kinking
materials. Reproduced from Reference [149] with permission from John Wiley
and Sons.

Thus several questions regarding kink band formation in Cu-Nb nanolami-

nates need to be addressed:

1. Are the non-volume preserving kinematics employed in fiber composite

models of kink band formation applicable to kinking in Cu-Nb nanolami-

nates?
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2. Is minimization of transverse strains sufficient to explain the φ = 2β rela-

tionship observed in these metallic nanolaminates?

3. Is the formation mechanism of kink bands in Cu-Nb nanolaminates that of

uniform shearing of a band of material (Figure 5.2(b)), or one of nucle-

ation followed by propagation of a kink band (Figure 5.2(c))?

These questions will be addressed in the following sections using post-test

metallographic analysis of the layer parallel compression tests, in situ SEM and

micropillar compression tests, and digital image correlation strain mapping dur-

ing layer parallel compression.

5.2 Post-test analysis of kink bands

In this section, post-test microstructural analysis of kink bands formed in the

bulk compression specimens (discussed in Sections 4.4) is presented and used

to infer information about the kinematics of kink band formation. As previously

noted, kink band formation is the dominant deformation mechanism during

layer parallel compression of the sub-100 nm Cu-Nb nanolaminates. Figure 5.5

shows a composite image of a 65 nm TD compression specimen. A bright field

low magnification light optical image (Figure 5.5(a)) shows that, despite the
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kink bands appearing as dark bands in the in situ video recording (Sections

4.4), kink bands do not correspond to cracks or large-scale material damage

(although a small delamination crack is evident in the non-kinked material near

the top of the specimen). A low magnification polarized light microscopy image

(Figure 5.5(b)) highlights the kink bands present in Figure 5.5(a), showing that

the pronounced inhomogeneous shape change of the specimen results from kink

band formation. While the two large kink bands emanating from the specimen

corners at the left are shown in Figure 5.5(b), smaller kink bands have also

formed in other regions (Figure 5.5(c)).

(a) (b) (c)

Figure 5.5: Bright field LOM (a), polarized LOM (b), and BSE SEM (c) images
of kink bands in a 65 nm TD compression specimen. Adapted from Reference
[91] with permission from Springer.

Similar observations of kink bands were made in the 30 nm and 15 nm com-

pression specimens. As noted in Section 4.4, the compressive strain at which

kink bands initiated decreased with decreasing layer thickness. As all compres-
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sion tests were interrupted at 25% compressive strain, this means that a larger

fraction of the total compressive strain was accommodated through kink band

formation in the smaller layer thickness samples. Presumably due to this effect,

as well as the increasing anisotropy of the 30 and 15 nm specimens, the ap-

pearance of these kinked samples tended to be more complex, with kink bands

intersecting one another, bifurcating, and forming complicated networks of lo-

calized strain. Figure 5.6 shows a single kink band (Figure 5.6(a)), the inter-

section of two kink bands (Figure 5.6(b)), and a kink band bifurcation (Figure

5.6(c)). Figure 5.6(d) and (e) show some of the complex localized deforma-

tion networks that result from combinations of these features in a 15 nm TD

compression specimen.

Kink bands observed during post-test analysis of Cu-Nb nanolaminates dis-

play the φ = 2β relationship as shown in Figure 5.7. This relationship is shown

at the boundary of a kink band in a 30 nm TD compression specimen in Fig-

ure 5.7(a). Figure 5.7(b) shows that, while β can vary for different kink bands

within a specimen, φ = 2β is observed for both kink bands in the lower right

hand corner of a 30 nm compression specimen. This relationship is even ob-

served at the intersection of two kink bands (Figure 5.7(c)), with both kink

bands and the ‘twice sheared’ region where the kink bands overlap showing

φ = 2β. This relationship can be readily detected by observing that the kink
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band boundary bisects the angle between the kinked and non-kinked layers (i.e.

the boundary appears as a mirror plane in the layered structure).

The invariant angle of the layers within a kink band indicates that the shear

strain within a kink band is homogeneous. This is also demonstrated by the lin-

ear distortion of a FIB deposited series of platinum lines (initially a 4µm×4µm

series of 100 nm thick lines) deposited perpendicular to the layers in a 65 nm

TD compression specimen prior to compression and kink band formation. The

distortion of these lines is shown in Figure 5.7(d), where approximately one

half of the grid has been sheared by a kink band. The φ = 2β relationship states

that, given the band angle β, both the rotation φ and the shear strain within

the kink band are known. The Lagrangian shear strain parallel to the kink band

boundary (γ) is given by Equation 5.1, when the φ = 2β relationship is assumed

(a detailed discussion of kink band kinematics will be given in Section 5.5).

γ = 2 tan β (5.1)

5.2.1 Kink band boundary geometry

While post-test microstructural observations of the material inside a kink

band show that φ = 2β, they do not provide information regarding whether the
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Figure 5.7: Images showing the φ = 2β relationship in kinked nanolaminates.
A BSE SEM image of a kink band boundary in a 30 nm TD compression spec-
imen (a), polarized LOM images of kink bands near the corner of a 30 nm TD
compression specimen (b) and kink bands intersecting in a 30 nm TD compres-
sion specimen (c) all display this relationship. The homogeneous shear within a
kink band is indicated by the invariance of the layer orientation within a band,
as well as by the linear distortion of a series of FIB deposited platinum lines
(d). Images (b) and (c) reproduced from Reference [149] with permission from
John Wiley and Sons.
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deformation process that achieved this state was isochoric. Even if delamination

had occurred during rotation from φ = 0 to φ = 2β, any voids or separations

between the layers would have closed as the material rotated from φ = β to

φ = 2β (as discussed in conjunction with Figure 5.3). However, in situ video

recording during bulk compression tests (Section 4.4) revealed that kink bands

broaden during compression. This observation indicates that non-kinked mate-

rial is transformed into kinked material by plastic deformation at the kink band

boundary during broadening. Thus if non-isochoric deformation occurs during

transformation from φ = 0 to φ = 2β, some evidence of void formation or frac-

ture should be present at the boundary (although layer fracture is not expected

for these ductile phases).

Several mechanisms for the formation of a boundary between kinked and

non-kinked material can be envisioned and are shown schematically in Figure

5.8. The only arrangement, other than the infinitely sharp boundary shown in

previous schematics, that would allow the layer thickness to remain constant

both inside, outside, and at the boundary of the kink band without void for-

mation is that of ‘concentric folding’ (Figure 5.8(a)). In this arrangement, the

apparent boundary width would change along the length of a kink band as each

subsequent layer would be bent to a radius of curvature larger than than the pre-

vious layer (rn = rn−1 + h where r is the radius of curvature and h is the layer
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thickness). If a constant radius of curvature, and therefore boundary width,

is required, the boundary could appear as depicted in Figure 5.8(b) or Figure

5.8(c). In Figure 5.8(b), the layer thickness remains constant, and void forma-

tion occurs at the boundary. This type of kink band boundary has been reported

by Dodwell [198] for kink bands in compressed stacks of paper and has been

analyzed in detail in Reference [199].

(a) (b) (c)

concentric folding void formation thickening of layers

Figure 5.8: Schematic of potential kink band boundary geometries.

If void formation is prohibited, the layers remain continuous, and no change

in layer radius occurs along the length of the boundary, the thickness of the

layers at the boundary must locally increase (Figure 5.8(c)). For the boundary

shown in Figure 5.8(c), all three solid red lines intersect the same number of

layers and lie normal to the layer boundaries. The solid line drawn parallel to

the boundary is longer (by
√

2) than the other two lines and shows that, in the
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absence of void formation, a change in layer thickness is required. The geometry

of kink band boundaries and folded multilayers has received particular attention

in the geological literature [173, 198–201] as precious minerals, such as gold-

rich quartz, have been observed to deposit in voids at the boundaries of kinks

and folds in rock strata [198].

Figure 5.9 shows that the geometry of the kink band boundaries in Cu-Nb

nanolaminates matches that described in Figure 5.8(c). Figure 5.9(a) shows a

high magnification STEM image of the kink band boundary in a 30 nm TD com-

pression specimen [134]. No void formation or delamination is evident, and the

layers remain continuous across the kink band boundary. Figure 5.9(b) shows a

low magnification polarized light optical micrograph showing that no change in

the layer radius or width of the kink band boundary is observed over a length of

several hundred microns in a 65 nm TD compression specimen (thus ruling out

the concentric folding type boundary). The conclusion drawn from these ob-

servations is that both layer transverse strain and layer parallel strain (coupled

by layer volume preservation) must occur as the non-kinked material is sheared

and the kink band broadens. A schematic of these geometrically required strains

is shown in Figure 5.10. Substantial layer transverse strains occur during kink-

ing from φ = 0 to φ = 2β = π
2
, with a maximum layer transverse true strain of

34.6% at φ = β = π
4
.

185
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Figure 5.9: STEM and LOM images of kink band boundary geometry. (a) shows
a high magnification STEM image showing the absence of voids or debonding at
a kink band boundary in a 30 nm TD compression specimen. STEM image from
Jaclyn Avallone, UCSB [134]. (b) shows the sharp boundary between kinked
and non-kinked material in a 65 nm TD compression specimen.
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Figure 5.10: The geometry of a kink band boundary (overlaid on the STEM
image from Figure 5.9) is shown in (a) and the layer transverse true strains that
occur at the kink band boundary during kink band broadening are shown in (b).
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These observations indicate that the deformation at a kink band boundary

during broadening shears and rotates the non-kinked material outside of the

band to φ = 2β without void formation, delamination, or other non-volume pre-

serving deformation. Plastic deformation of the Cu and Nb layers is required,

with large layer parallel shear, layer transverse tension/compression, and layer

parallel tension/compression progressively occurring during kink band broad-

ening. This stands in contrast to the kinematics developed for kinking in fiber

composites, where kink band formation is described using non-isochoric defor-

mation.

The traditional explanation for why the deformation within a kink band

ceases at φ = 2β is not applicable when the kinematics of kink band formation

or broadening are volume preserving. While lock up at φ = 2β is intuitive when

layer transverse dilatation is achieved easily though debonding and layer trans-

verse contraction is strongly resisted by incompressibility, with the adoption of

isochoric kinematics it is not clear why the band would lock up at a prescribed

rotation angle. As shown in Figure 5.10, thickening followed by thinning of the

layers occurs continuously as the layers are reoriented to φ = 2β. Why layer

thinning would be acceptable from φ = β to φ = 2β but prohibited for rotations

past φ = 2β is unclear.

Having determined that the kinematics used in fiber composite kink band
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formation models are inappropriate to apply to kink band formation in Cu-Nb

multilayers, the micropillar experiments described in the next section were con-

ducted in order to gain further insight into the kinematics of kinking in ductile

nanolaminates and to guide modeling of this phenomenon.

5.3 Micropillar compression

The bulk layer parallel compression specimens discussed in Section 4.5 pro-

vide information regarding the bulk mechanical response of large specimens

which deform via kink band formation. However they do not provide insight

into the degree of geometric softening that occurs due to the rotation of ma-

terial within a kink band (since multiple kink bands form in these specimens),

nor do they address whether there is a sample size effect on kink band forma-

tion as the specimens were very large compared to the layer thickness (over

4 orders of magnitude wider than the nominal layer thickness). In order to

determine whether small scale specimens (with dimensions on the order of sev-

eral microns) also deform by kink band formation, and to obtain information

on strain softening during kink band formation, micropillar compression tests

of the 65 nm ARB Cu-Nb nanolaminate material were performed at Los Alamos

National Laboratory.
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Several specimens of 65 nm ARB Cu-Nb nanolaminate material, with square

cross-sections measuring ∼4µm × ∼4µm, were prepared and tested as de-

scribed in Section 2.5. Based on the nominal layer thickness and the specimen

dimensions, it is estimated that these pillars contained approximately 60 layers

across the width of the specimens.

Figure 5.11 shows images of an initial, undeformed, pillar (Figure 5.11(a))

and the flat tipped diamond indenter aligned with one of the compression spec-

imens at the beginning of a test (Figure 5.11(b)). Figure 5.11(c)-(e) shows

views of the same pillar after compression to an engineering strain of 12%. Kink

bands are clearly present in the deformed pillar, emanating from both the top

specimen corner as well as from the mid-section of the specimen. The width of

both kink bands is approximately 1µm.

Figure 5.12 shows both the stress-strain curve during micropillar compres-

sion and a series of images captured during testing at the points labeled on the

stress-strain curve. Kink bands in these small specimens appear to form by the

near uniform rotation of a band of material inclined across the specimen. Signif-

icant load drops occur during the formation of each of the two kink bands (the

lower kink band is partially obscured by FIB machining debris in Figure 5.12,

but was shown clearly in Figure 5.11). These load drops appear asymmetric,

with the softening that occurs at the beginning of kink band formation occur-
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(a) (b)

(c) (d) (e)

Figure 5.11: SEM images of pre and post-test 65 nm ARB Cu-Nb layer parallel
micropillar. (a) shows the FIB milled micropillar prior to testing. (b) shows
compression test set-up using a diamond flat punch picoindenter. (c,d,e) show
the front, back, and top view of the micropillar after compression to 12% engi-
neering strain.
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ring more rapidly than the hardening that increases the load bearing capacity

back to the initial, pre-kink band, value. The kink band inclination angle β is

approximately 35◦, a value in excellent agreement with the previously reported

values for kink band formation in 65 nm TD compression specimens (32-37◦,

Table 4.2). Both the stress-strain behavior and the deformation observed in the

in situ images were similar for all three pillars tested (data from other pillars

not shown). The flow stress of the micropillars at 2% strain ranged from 1 to

1.1 GPa, values that are slightly higher than the 0.9 GPa flow stress obtained

from bulk compression tests of the same material (Section 4.4). While the rea-

son for this slight difference in flow stress is not clear, the difference may result

from the reduced sample size of the micropillars: micropillars were machined

from regions in which the layer thicknesses appeared very uniform, thus ex-

cluding the occasional thicker layers found in the bulk compression specimens.

The strain at which the load drop and kink band formation occurred in the mi-

cropillar specimens (∼4%) is similar to the strain at which kink band initiation

occurred in the bulk compression tests discussed in Section 4.4 (∼6%).

Since the rotation of the material that occurs during kink band formation

appears near-homogeneous over the small dimension of the micropillar, and a

substantial amount of the stress-strain curve corresponds to the formation of

a single kink band, the stress-strain data can be used to gain insight into the
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Figure 5.12: Stress-strain curve from a micropillar compression test of 65 nm
layer thickness ARB Cu-Nb material. Images corresponding to points (a) through
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near the specimen end prior to kink band formation, as shown in (c).
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geometric softening resulting from layer rotation. Figure 5.13 shows images of

the micropillar at the first load maximum, first load minimum, and the point at

which the stress increased to a level equal to the first stress maximum (indicated

schematically below the images). The geometry of the kink band is measured in

order to determine whether the angular relationships at these points correspond

to special angular relationships (for example φ = β or φ = 2β).

While this analysis is complicated by the slight non-uniform rotation in Fig-

ure 5.13(b) and the more pronounced non-uniform rotation in Figure 5.13(c),

an estimate of the β and φ values is given in the insets in Figure 5.13. The

minimum load corresponds to φ = β as shown in Figure 5.13(b). In Figure

5.13(c), the relationship between φ and β approximates φ = 2β, yet substantial

non-uniform rotation is observed. This variation in φ could be due to constraint

from the compression indenter, as the layers farthest from the indent show a

rotation angle closer to 2β. Nevertheless, these results indicate that geometric

softening occurs during rotation to φ = β while geometric hardening occurs dur-

ing shear and rotation towards an orientation near or approximating φ = 2β.

This result is somewhat surprising given that the resolved shear stress acting on

the layers should increase during rotation from φ = 0 to φ = π
4
. Yet the mini-

mum load during the shear and rotation of kink band formation corresponds to

φ = β, where β = 35◦.
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Figure 5.13: Micropillar images corresponding to first stress maximum, first
stress minimum, and stress equal to first maximum, as indicated on the
schematic stress-strain diagrams.

A final conclusion can be drawn from the micropillar compression tests:

when the size of the kink band is on the order of the specimen size, a kink band

appears to form by the near-uniform shear and rotation of a band of material.

The width of the kink band formed is is approximately 15 times the nominal

layer thickness (the width of the sheared band in Figure 5.13 is ∼1µm while

the nominal layer thickness is 65 nm).
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5.4 Summary of major kink band observations

The experimental results from post-test metallography of kink bands and mi-

cropillar compression tests provide insight into the geometry of kink bands as

well as the kinematics and stress-strain behavior during kink band formation.

While the conclusions drawn from the experimental work were stated through-

out the previous sections, they are summarized below:

1. Kink band formation in Cu-Nb is isochoric, with no evidence of void for-

mation or widespread layer debonding either during formation or at the

kink band boundary in post-test analysis.

2. The deformation within a kink band ceases once the layers have rotated to

φ = 2β. Micropillar compression tests suggest a minimum load is attained

at φ = β.

3. The explanation for the φ = 2β relationship that is presented in models

developed for fiber composite kink bands (discussed in Section 5.1.2) can-

not be applied to kink bands in Cu-Nb multilayers. Fiber composite mod-

els assume kink bands form via non-isochoric deformation, and employ

kinematics which are inappropriate for the isochoric kink band formation

process observed in Cu-Nb nanolaminates.
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4. Kink bands displaying different values of φ are observed within individual

specimens, indicating that φ and therefore β likely depend on the local

stress state and are not ‘fixed’ for a given material.

5. No evidence of kink band boundary rotation is observed during kink band

formation (β remains fixed while φ increases, as was observed in the mi-

cropillar compression tests). Therefore the length of a kink band boundary

does not change during kink band formation.

6. All experimentally observed kink band boundary angles (β) are ≤45◦.

While β values significantly below 45◦ are frequently observed (Table 4.2),

no similar deviation of the kink band boundary angle to values above 45◦ is

observed.

In the following section, an analytical model of plane strain kink band for-

mation is developed that seeks to explain the observations presented above. As

the goal is to provide insight into the phenomenon of kink band formation with-

out introducing unnecessary complexity, the Cu-Nb nanolaminate material is

modeled as a perfectly plastic anisotropic material. This approach homogenizes

the response of the individual Cu and Nb layers. While work hardening is not

considered, incorporation of a work hardening rate into future refinements of

the model is likely to provide further insights. This model does not address the
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phenomenon of kink band propagation, an aspect of kink band formation that

will be analyzed in detail in Section 5.6.

5.5 Analytical kink band model

A model of kink band formation in a perfectly plastic anisotropic material has

been developed and is presented in this section. This new model for kink band

formation is necessary, as previous models developed for kink band formation in

fiber composites can not be applied to kink band formation in Cu-Nb nanolam-

inates (the previous models assume non-isochoric deformation, as discussed in

Section 5.1.2).

In this model, kink band formation is assumed a priori. That is, the condi-

tions for bifurcation from a homogeneous velocity gradient to a velocity gradient

corresponding to kink band formation are not examined. Instead, the model as-

sumes kink band formation will occur, and calculates the necessary strain rates

and deviatoric stresses required to form a kink band (for all possible values of

φ and β). An evaluation of the conditions for which these stresses violate the

yield criterion of the surrounding non-kinked material is conducted. This anal-

ysis places bounds on the kink band angle β. In order to determine why shear

and rotation past the φ = 2β condition is unfavorable, an analysis of the plastic
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work rate during kinking is conducted.

In the following sections, the model is discussed in terms of: 1) kinematics,

2) stresses and yield criteria, and 3) the plastic work rate during kinking. In the

kinematics section, the strain and strain rate tensors consistent with the exper-

imental observations presented in the previous sections are calculated. Due to

the large rotations involved and the goal of describing strains and strain rates in

a coordinate system tied to the layer orientation within the kink band, multiple

coordinate transformations are required.

In the second section, a general anisotropic yield surface is constructed that

captures the experimentally observed anisotropy of the Cu-Nb nanolaminate

material. By invoking normality (plastic strain rates must lie normal to the yield

surface) the plastic strain rates associated with the anisotropic yield surface are

obtained. These are equated to the plastic strain rates calculated in the kinemat-

ics section, allowing determination of the deviatoric stress state required to 1)

yield the material in the kink band and 2) provide plastic strain rate increments

consistent with the kinematics of kink band formation. While this procedure

determines the stress state of the specimen required to induce kink band forma-

tion, it is also necessary to verify that this stress state does not violate the yield

criterion for the undeformed sample surrounding the kink band. It is found that,

for certain values of β and φ, the stresses required to yield the material within
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the kink band do indeed violate the yield criterion for the undeformed material

surrounding the kink band. These stress states are clearly inadmissible, a result

that allows bounds to be placed on acceptable values of φ and β.

In the final section, the plastic work rate associated with kink band formation

is calculated from the deviatoric stresses and plastic strain rates. Analysis of

the work rate during kink band formation indicates that the shear and rotation

within a kink band initially lead to a lower work rate (as φ increases from φ = 0

to φ = β). The minimum work rate occurs at φ = β, and increasing work rates

are predicted as φ approaches 2β. The implications of these changes in work

rate provide an explanation for the observed φ = 2β relationship.

5.5.1 Kink band kinematics

Combining the requirement that the volume of a kink band be invariant dur-

ing formation with the requirement that the kink band boundary length does not

change (β remains constant), it follows that the width of the kink band does not

change during kink band formation. Therefore, if the non-kinked material on

one side of a kink band boundary remains stationary, the displacement vectors

for the material outside of the other kink band boundary must lie parallel to the

kink band boundary plane. Therefore the average deformation gradient within
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the kink band must be one of simple shear parallel to the kink band boundary. It

is recognized that these kinematics may not apply to the deformation occurring

at the length scale of individual layers, where inhomogeneous deformation may

occur. Nevertheless, the average or homogenized deformation of the individual

layers must conform to the simple shear kinematics of the kink band region.

In this section, the kink band is treated as a volume preserving band of simple

shear at an angle β to the layer normals.

Figure 5.14 shows the coordinate systems used the following analysis. There

is an undeformed (sample) coordinate system, a coordinate system aligned with

the band boundary, and a coordinate system aligned with the layer parallel and

layer normal directions of the material within the kink band.

The displacement vectors in the kink band are given by Equation 5.2. These

correspond to simple shear parallel to the kink band boundary, with the displace-

ment in the eζ direction given by the shear strain multiplied by the distance from

the kink band boundary (ξ).

uζ = ξ
(

tan β + tan(φ− β)
)

uξ = 0
(5.2)

The displacement gradient tensor (in basis eζ , eξ) is given in Equation 5.3

while the deformation gradient tensor is defined in Equation 5.4 and calculated

in Equation 5.5.
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u⊗∇ =

[
0 tan β − tan(β − φ)
0 0

]
(5.3)

F = I− u⊗∇ (5.4)

[F ] =

[
1 tan β − tan(β − φ)
0 1

]
(5.5)

The Lagrangian strain tensor (in basis eζ , eξ), defined in Equation 5.6, is

given in Equation 5.7.

E =
1

2
(FT · F− I) (5.6)

[E] =

[
0 1

2

(
tan β − tan(β − φ)

)
1
2

(
tan β − tan(β − φ)

)
1
2

(
tan β − tan2(β − φ)

)] (5.7)

Taking the derivative of E with respect to time gives the Lagrangian strain

rate tensor (Ė), where φ̇ is the rotation rate (time derivative). The Lagrangian

strain rate tensor (in basis eζ , eξ) is given by Equation 5.8.

[Ė] =

[
0 1

2
φ̇ sec2(β − φ)

1
2
φ̇ sec2(β − φ) φ̇ sec β sec3(β − φ) sinφ

]
(5.8)

The shear strain rate, γ̇ is twice the tensorial shear rate and is given by

Equation 5.9.
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γ̇ = 2Ėζξ = φ̇ sec2(β − φ) (5.9)

In experimental displacement rate controlled compression testing, it is the

displacement rate of the top surface of the specimen (u̇2), not the rotation rate

of the layers (φ̇), that is controlled. Equation 5.10 relates φ̇ to u̇2, where wk is

the width of the kink band.

φ̇ =
u̇2

wk
cos2 (β − φ) csc β (5.10)

A change of basis is required to transform the previously described La-

grangian strain and strain rate tensors into those describing the layer parallel

shear (Ent), layer transverse strain (Enn), and layer parallel strains (Ett). The

three coordinate systems were shown in Figure 5.14 and are the sample (non-

kinked) coordinate system, the kinked coordinate system, and the layer coordi-

nate system. The coordinate system basis vectors are related by Equations 5.11

and 5.12. {
en
et

}
= Q1

{
e1

e2

}
=

[
cosφ − sinφ
sinφ cosφ

]{
e1

e2

}
(5.11)

{
eζ
eξ

}
= Q2

{
e1

e2

}
=

[
cos β − sin β
sin β cos β

]{
e1

e2

}
(5.12)

The transformation matrices Q1 and QT
2 relate the kink band coordinate
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basis vectors to the layer coordinate basis vectors as shown in Equation 5.13.

{
en
et

}
= Q1Q

T
2

{
eζ
eξ

}
= Q3

{
eζ
eξ

}
=

[
cos(β − φ) sin(β − φ)
− sin(β − φ) cos(β − φ)

]{
eζ
eξ

}
(5.13)

The opposite transformation is achieved using QT
3 as shown in Equation

5.14. {
eζ
eξ

}
= QT

3

{
en
et

}
=

[
cos(β − φ) − sin(β − φ)
sin(β − φ) cos(β − φ)

]{
en
et

}
(5.14)

The strain rate in the kink band coordinates is written out in dyadic form in

Equation 5.15.

Ė =
1

2
γ̇(eξeζ + eζeξ) (5.15)

Using Equation 5.14, eξeζ and eζeξ, as well as their sum, are given in Equa-

tions 5.16, 5.17, and 5.18.

eξeζ = sin(β − φ) cos(β − φ)enen − sin2(β − φ)enet + cos2(β − φ)eten

− sin(β − φ) cos(β − φ)etet
(5.16)

eζeξ = sin(β − φ) cos(β − φ)enen − sin2(β − φ)eten + cos2(β − φ)enet

− sin(β − φ) cos(β − φ)etet
(5.17)

eξeζ + eζeξ = sin
(
2(β − φ)

)
enen + cos

(
2(β − φ)

)
(eten + enet)

− sin
(
2(β − φ)

)
etet

(5.18)

204



Taking these results and Equation 5.15, the strain rate components in the

layer coordinate system are obtained as a function of the kink band shear rate:

Ėnn =
1

2
γ̇ sin

(
2(β − φ)

)
Ėtt = −1

2
γ̇ sin

(
2(β − φ)

)
Ėnt =

1

2
γ̇ cos

(
2(β − φ)

)
(5.19)

The strain rate components as a function of the rotation rate are obtained by

combining Equations 5.9 and 5.19. These strain rates are presented in Equation

5.20.

Ėnn = φ̇ tan(β − φ)

Ėtt = −φ̇ tan(β − φ)

Ėnt =
1

2
φ̇
(
1− tan2 (β − φ)

)
(5.20)

Integration of these strain rates yields the Lagrangian strains in the layer

coordinate system, given in matrix form in Equation 5.21.

[E] =

[
ln
(

cos (β − φ)
)
− ln (cos β) 1

2

(
2φ− tan β + tan (β − φ)

)
1
2

(
2φ− tan β + tan (β − φ)

)
ln (cos β)− ln

(
cos (β − φ)

)] (5.21)

Using Equations 5.20 and 5.10, the layer parallel shear strain, layer trans-

verse strain, and layer parallel strain rates are obtained as a function of the
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vertical displacement rate of the specimen end (u̇2). Note that Ėtt is simply the

negative of Ėnn, as the deformation is isochoric. Figure 5.15 shows Ėnn and Ėnt,

(normalized by u̇2

wk
) plotted as a function of φ for several β values. For all values

of β, the layer parallel shear strain rate is maximum at φ = β, increasing from

φ = 0 to φ = β and decreasing from φ = β to φ = 2β (Figure 5.15(a)). The

layer transverse strain rate is zero at φ = β, decreasing from φ = 0 to φ = β and

becoming negative from φ = β to φ = 2β.
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Figure 5.15: Plots of normalized strain rate ( Ė
u̇2/wk

) versus kink band rotation
angle (φ). (a) shows the normalized layer parallel shear strain rate while (b)
shows the normalized layer transverse strain rate. Note that Ėtt (not plotted)
is simply the negative of Ėnn, as the deformation is isochoric. Black arrows
indicate the φ = 2β condition based on the β value of each curve.

The layer parallel shear and layer transverse Lagrangian strains are plotted

for several values of β in Figure 5.16. The layer transverse strain equals zero

at both φ = 0 and φ = 2β, with the maximum strain occurring at φ = β. The

magnitude of these transverse strains are large, with a maximum transverse
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layer strain of 3.4%, 14% and 34.7% for a β of 15◦, 30◦, and 45◦ respectively.

Thus the layer transverse strain at φ = β increases rapidly and non-linearly with

increasing β.

The layer parallel shear is maximal at φ = π
4

+ β, a rotation that lies outside

of the experimentally observed range of φ values (limited by φ = 2β) for all

β ≤ π
4
. Therefore, during kinking and rotation from φ = 0 to φ = 2β, the layer

parallel shear strain increases monotonically. The tensorial shear strain (Ent) at

φ = 2β for β =15◦, 30◦, and 45◦ is 15.5%, 47%, and 57% respectively.
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Figure 5.16: Plots of Lagrangian strain versus kink band rotation angle (φ). (a)
shows the layer parallel shear strain (Ent) while (b) shows the layer transverse
strain (Enn). Note that Ett (not plotted) is simply the negative of Enn, as the
deformation is isochoric. Black arrows indicate the φ = 2β condition based on
the β value of each curve.

These calculations allow the observed kink band angles β and φ to be related

to the shear strain, transverse strain, and layer parallel strain that occurs within
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a kink band. They also provide a picture of the complexity of the deformation

within a kink band. Absent the debonding and non-isochoric deformation that

is reported for kink band formation in fiber composites, the layers must undergo

extensive transverse and layer parallel straining during kink band formation.

While the layer parallel shear and layer transverse strains are substantial,

these is no reason why these strains should set conditions on the range of φ

or β values allowed for kink bands in Cu-Nb nanolaminates. Particularly for

the case of a narrow kink band embedded in a specimen, where significant

hydrostatic stress may occur, these strain levels are plausible for ductile Cu-

Nb nanolaminates. Thus unlike the transverse strain-based arguments used to

explain the φ = 2β relationship in fiber composite kink bands (Section 5.1.2),

examination of the strains alone do not preclude certain values of β or φ for

ductile nanolaminates.

Yet the strain rates appear to offer some insight. For all values of β, the

shear strain rate is maximal at φ = β while the layer transverse and layer par-

allel strain rates are zero. Layer parallel shear is the easiest deformation mode

for these anisotropic nanolaminates while layer transverse strain is much more

difficult and requires higher stresses (as was shown in Chapter 4). This hints

that an examination of the work rate is necessary to gain insight into kink band

formation in these materials.
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5.5.2 Stresses within a kink band at yield

In order to calculate the work rate associated with the kinematics described

above, the stresses within the kink band are needed. These stresses must satisfy

equilibrium as well as the yield criterion for the material within the kink band.

Equilibrium is satisfied by specifying that the stresses are uniform everywhere in

the specimen (both inside and outside of the kink band). The stresses required

to form a kink band will be obtained by constructing a yield surface and solving

for the stress state required to both 1) keep the material within the kink band

at yield and 2) provide the strain rates corresponding to shear parallel to the

kink band boundary. Normality is assumed and therefore the plastic strain rate

increments lie normal to the yield surface. By specifying that the plastic strain

rate increments from the flow law must equal the plastic strain rates from the

observed kinematics (Equation 5.20), the deviatoric stresses can be obtained.

A simple elliptical yield surface, suitable for plane strain deformation of a

perfectly plastic anisotropic material will be used. This yield surface captures the

main aspects of the experimentally observed anisotropy of Cu-Nb nanolaminates

(a high flow stress for layer parallel/layer normal compression and a low flow

stress for layer parallel shear). The yield surface is smooth and convex.

For the two-dimensional plane strain model considered, all coordinate sys-
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tems shown in Figure 5.14 share a common out of plane direction (e33). For

plane strain, the out of plane stress (σ33) is given by Equation 5.22

σ33 =
1

2
(σnn + σtt) (5.22)

so that:

1

3
σkk =

1

2
(σnn + σtt) (5.23)

The components of the deviatoric stress tensor (defined in Equation 5.24)

are given by Equation 5.25.

Sij = σij −
1

3
σkkδij (5.24)

Snn =
1

2
(σnn − σtt)

Stt =
1

2
(σtt − σnn)

S33 = 0

(5.25)

The yield function in terms of the deviatoric stresses is given by Equation

5.26, where σ0 and τ0 are the yield stresses in uniaxial tension and layer parallel

shear respectively. The material yields when the deviatoric stresses satisfy F = 0.
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F =

(
2Snn
σ0

)2

+

(
σnt
τ0

)2

− 1 (5.26)

Figure 5.17 shows this yield criterion plotted for a variety of different σ0

to τ0 ratios, including the isotropic case in which τ0 = 1
2
σ0. The experimental

anisotropy observed in Cu-Nb nanolaminates is a function of the layer size, and

therefore different σ0 to τ0 ratios are needed to describe the different nanolam-

inate materials. Estimates of the various levels of anisotropy appropriate for

modeling different nanolaminates can be obtained from the discussion in Chap-

ter 4 and Figure 4.31. For later analysis, a σ0 to τ0 ratio of 4:1 will be used. This

anisotropy level corresponds to the approximate anisotropy of the 30 nm ma-

terial as was determined through layer parallel/normal compression tests and

compression tests at 45◦ to the layer direction (TD45 compression tests).

Assuming normality, the associated flow rule is obtained from differentiating

the yield function, as shown in Equations 5.27 and 5.28. The resulting plastic

strain rates are given in Equation 5.29, where λ is the plastic strain rate multi-

plier.

Ėij = λ
∂F

∂σij
(5.27)
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Figure 5.17: An elliptic, plane strain yield surface is shown for various combina-
tions of τ0 and σ0. The blue yield surface corresponds to the isotropic case, while
the orange and green surfaces demonstrate the effect of increasing anisotropy.
Plot axes are the deviatoric stresses.

212



Ėnn = λ
∂F

∂σnn
= λ

∂F

∂Snn

∂Snn
∂σnn

+ λ
∂F

∂Stt

∂Stt
∂σtt

Ėnt = λ
∂F

∂σnt

(5.28)

Ėnn = λ
4

σ2
0

(
1

2
Snn −

1

2
Stt

)
= λ

4Snn
σ2
y

Ėnt = λ
σnt
τ 2
y

(5.29)

Setting these strain rates obtained from the flow law (Equation 5.29) equal

to the strain rates obtained from the assumed kinematics (Equation 5.20), the

deviatoric stresses shown in Equation 5.30 are obtained.

Snn =
σ2

0

4λ
φ̇ tan(β − φ)

σnt =
τ 2

0

2λ
φ̇
(
1− tan2(β − φ)

) (5.30)

Rearranging Equation 5.30 gives Equation 5.31:

(
Snn
σ0

2

)2

=

(
σ0

2

)2(
φ̇

λ

)2

tan2(β − φ)(
σnt
τ0

)2

=τ 2
0

(
φ̇

λ

)2
1

4

(
1− tan2(β − φ)

)2

(5.31)

Putting the results from Equation 5.31 into the yield function (Equation

5.26) results in Equation 5.32.
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(σ0

2

)2
(
φ̇

λ

)2

tan2(β − φ) + τ 2
0

(
φ̇

λ

)2
1

4

(
1− tan2(β − φ)

)2
= 1 (5.32)

Solving for λ yields Equation 5.33.

λ = φ̇

√(σ0

2

)2

tan2(β − φ) +
1

4
τ 2

0

(
1− tan2(β − φ)

)2 (5.33)

Putting the solution for λ into Equation 5.30 and re-arranging, the deviatoric

stresses needed to satisfy the yield criterion and provide the desired plastic strain

rate increments are obtained. These stresses are given in Equation 5.34.

Snn =
σ2

0 tan(β − φ)

2
√
σ2

0 tan2(β − φ) + τ 2
0

(
1− tan2(β − φ)

)2

σnt =
τ 2

0

(
1− tan2(β − φ)

)√
σ2

0 tan2(β − φ) + τ 2
0

(
1− tan2(β − φ)

)2

(5.34)

It is critical to note that these deviatoric stresses (Equation 5.34) are arrived

at by simply considering what stress state is needed to yield and shear a kink

band with a particular value of φ and β. That is, it is assumed that the kink

band must yield. While equilibrium is guaranteed by the assumption of a uni-

form stress state both inside and outside of a kink band, the stress state in Equa-

tion 5.34 may still be ruled inadmissible if it exceeds the yield criterion for the
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non-kinked material outside of the kink band. Therefore, the deviatoric stresses

required to shear the kink band (Equation 5.34) must be transformed from the

layer coordinate systems into the specimen coordinate system and checked us-

ing the non-kinked material yield criterion. Any stress state resulting from a

combination of φ, β, τ0, and σ0 that would violate the non-kinked material yield

function (fall outside of the yield surface) is physically unrealistic.

Transforming the deviatoric stresses Snn and σnt into the basis e1, e2 results

in S11 and σ12 as shown in Equation 5.35.

S11 =
σ2

0 cos(2φ) tan(β − φ) + 2τ 2
0 sin(2φ)

(
1− tan2(β − φ)

)
−2
√
τ 2

0 + (σ2
0 − 2τ 2

0 ) tan2(β − φ) + τ 2
0 tan4(β − φ)

σ12 =
σ2

0 sin(2φ) tan(β − φ)− 2τ 2
0 cos(2φ)

(
1− tan2(β − φ)

)
−2
√
τ 2

0 + (σ2
0 − 2τ 2

0 ) tan2(β − φ) + τ 2
0 tan4(β − φ)

(5.35)

The yield criterion for the non-kinked material is given in Equation 5.36. The

same values of τ0 and σ0 apply to both the kinked and the non-kinked material,

as the material behavior is taken to be perfectly plastic.

F =

(
S11

1
2
σ0

)2

+

(
σ12

τ0

)2

− 1 (5.36)

Combining the deviatoric stresses in Equation 5.35 with the yield function in

Equation 5.36, conditions are sought for which F > 0. This would correspond to
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the prohibited scenario in which the stresses required to deform the kink band

exceed the stresses required to deform the non-kinked material (and would lie

outside of the yield surface).

Figure 5.18 shows region plots with axes of φ and β, that indicate that there

are combinations of φ, β, τ0, and σ0 that would result in stresses that would vi-

olate the yield function of the non-kinked material surrounding the band. Maps

corresponding to various ratios of σ0 to τ0 are shown, with σ0

τ0
ranging from that

of a nearly isotropic material (σ0

τ0
= 2.2) to that of a strongly anisotropic material

(σ0

τ0
= 6.6). The isotropic case is not shown as no violation of the non-kinked

yield surface occurs (both the kinked and non-kinked material would be exactly

at yield for an isotropic material). Interestingly, for any level of anisotropy, at-

tempting to satisfy yield within the kink band for φ = 0 and β > 45◦ results in

an immediate violation of the non-kinked material yield surface. This indicates

that kink bands with β > 45◦ will never be able to form.

The maps in Figure 5.18 also show that, for a given β < 45◦, the initial stages

of kink band formation are acceptable (an initial increase in φ can occur without

violating the yield function of the non-kinked material surrounding the band).

However, these plots also show that, as φ increases for a given β, yield of the

non-kinked material would occur prior to the kink band attaining φ = 2β. For

the near isotropic case (σ0

τ0
= 2.2) the kink band can continue to yield until φ
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Figure 5.18: Maps indicating the effect of φ and β on whether the stress state
required to yield the kink band is below the yield surface of the surrounding non-
kinked material (F<0). Regions that are shaded blue correspond to yield within
the kink band and no yield in the specimen (F<0), indicating an acceptable
stress state for continued deformation within the kink band. Regions that are
white correspond to a stress state exceeding the yield surface of the non-kinked
material (F>0) and are prohibited. At the boundary of these regions, both the
kink band and non-kinked material are at yield. The σ0 to τ0 ratios used for each
map are indicated in the top left corner.
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is nearly equal to 2β without the yield function outside of the kink band being

satisfied (without encountering the boundary in Figure 5.18). Yet for increasing

levels of anisotropy, the angle φ at which both the yield functions for the ma-

terial within the kink band and outside of the kink band are satisfied decreases

significantly below the φ = 2β line. This does not necessarily mean that contin-

ued kinking to φ = 2β is prohibited, but merely indicates that, at this boundary

in Figure 5.18, both the kink band and the surrounding material are at yield.

Further analysis of this boundary is needed to determine whether compatible

plastic strain rate increments both outside of the kink band and inside of the

kink band can be obtained.

The results from analysis of the yield criteria place a constraint on the accept-

able values of β, namely that β must be less that 45◦ at the onset of kink band

formation. It is also apparent that additional analysis is needed of the condition

at which both the kinked and non-kinked material is yielded (the boundaries

of the shaded region in Figure 5.18). The restriction placed on β agrees with

the experimental observation that β is never greater than 45◦ for kink bands in

Cu-Nb nanolaminates. Thus consideration of the yield criteria provides a theo-

retical explanation for this observation. While kink band formation can proceed

from φ = 0 to the value of φ given by the upper boundary in Figure 5.18, further

analysis is needed to determine the behavior of the specimen at this point.
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In the remainder of this analysis, the plastic work rates during kink band

formation will be calculated. The restriction of β ≤ 45◦ will be carried forward,

however the effects of all possible φ values will be examined. The angle φ will

not be restricted to a particular range, as the analysis of the yield criteria has

not definitively ruled out φ values falling outside of the regions shown in Figure

5.18.

5.5.3 Work rate in a kink band

Combining the stresses and plastic strain rates allows the rate of work during

kink band formation to be calculated. The objective of this section is to provide

insight into why deformation within a kink band should cease at φ = 2β, as

experimentally observed. It is expected that the work rate required to deform a

kink band past φ = 2β should be greater than that required to initially form a

kink band. Such a result would indicate a driving force for the formation of a

new kink band, rather than continued shear past φ = 2β.

The plastic work rate (Ẇ p) is defined in Equation 5.37. As both the stresses

and strains have the same sign, it is not necessary to take absolute values of

the stresses or strains. Further simplification is possible as Stt = −Snn and, for

isochoric plane strain deformation, Ėtt = −Ėnn (as shown in Equation 5.20).
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Ẇ p = SnnĖnn + SttĖtt + 2σntĖnt

= 2SnnĖnn + 2σntĖnt

(5.37)

Making appropriate substitutions, an expression for the work rate in the

band is given by Equation 5.38.

Ẇ p = φ̇

√
σ2

0 tan2(β − φ) + τ 2
0

(
1− tan2(β − φ)

)2 (5.38)

A check of the work rate equation can be conducted by considering the case

of an isotropic material, where the work rate should be simply Ẇ p = τoγ̇. Setting

τ0 = σ0

2
(for an isotropic material), Equation 5.38 reproduces this result (where

the shear rate is that given in 5.9).

Figure 5.19 shows the work rate (normalized by the rotation rate φ̇ and layer

parallel yield strength (σ0)) as a function of φ for several cases of β (β = 15◦,

30◦, and 45◦). The initial work rate (for a constant φ̇) increases monotonically

with increasing β, a trend confirmed by calculating (not shown) the derivative

of Equation 5.38 with respect to β and noting that it is always positive for φ = 0.

Interestingly, for a given β, the work rate decreases from φ = 0 to φ = β and

increases monotonically past φ = β. The work rate approaches infinity as φ

approaches β + 90◦, a result of the highly non-linear relationship between the
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shear strain rate in the band (γ̇) and φ̇ (Equation 5.9). The condition φ =

β + 90◦ would correspond to the layers having been sheared and rotated to lie

parallel to the kink band boundary: as this condition is approached, the rotation

rate (φ̇) approaches zero and Ẇ
φ̇σ0

becomes infinite.
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Figure 5.19: Plot showing the work rate (normalized by the rotation rate (φ̇)
and the layer parallel yield strength (σ0)) as a function of φ for several different
kink band β values. The ratio of σ0 and τ0 shown is 1:4, a value that corresponds
approximately to that of the 30 nm Cu-Nb nanolaminate material.

Figure 5.19 and Equation 5.38 provide a potential explanation as to why,

experimentally, the deformation within a kink band ceases once φ = 2β. During

kink band formation, the work rate from φ = 0 to φ = 2β is lower than the initial

work rate, indicating that continued localized deformation should be favorable.
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However, if φ = 2β is reached, further deformation within the kink band would

require higher work rates than the initial work rate. This suggests that continued

shear past φ = 2β would not be favorable and that, provided the yield functions

discussed in the previous section can be satisfied, either the formation of a new

kink band or broadening of the φ = 2β kink band can be expected.

While Figure 5.19 shows the work rate (normalized by φ̇σ0), this plot is

somewhat non-intuitive as φ̇ is a highly non-linear function of the shear rate

within the band (γ̇). Experimentally, it is not the rotation rate of the layers,

but rather the displacement rate of the specimen end that is held constant (for

displacement controlled layer parallel compression testing). The relationship

between the γ̇ and φ̇ was given in Equation 5.10. Substituting the expression

for φ̇ into Equation 5.38, Equation 5.39 is obtained.

Ẇ p =
u̇2

wk
cos2(β − φ) csc β

√
σ2

0 tan2(β − φ) + τ 2
0

(
1− tan2(β − φ)

)2 (5.39)

Note that, for a constant u̇2, the work rate in Equation 5.39 is infinite for

β = 0. This corresponds to the physically unrealistic scenario in which the shear

within a kink band is perpendicular to the layers in the specimen and there are

no vertical displacements (Ẇ
p

u̇2
becomes infinite). Nevertheless, for any non-zero

value of β, Equation 5.39 provides a description of the work rate as a function
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of φ and β that can be more readily compared to constant displacement rate

experiments.
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Figure 5.20: Plot showing the work rate (normalized by u̇wkσ0) as a function
of φ for several different kink band β values. The 1:4 ratio of σ0 to τ0 shown
corresponds approximately to that of the 30 nm Cu-Nb nanolaminate material.

Figure 5.20 shows the work rate (normalized by u̇2wkσ0) for several cases of

β (β = 15◦, 30◦, and 45◦). Again, the work rate decreases from φ = 0 to φ = β

and increases from φ = β to φ = 2β. For all cases, the work rate at φ = 0 and

φ = 2β are equal and, for β < 45◦, further rotation past φ = 2β would require

higher work rates. While the work rate decreases again past φ = β + 45◦, the

higher work rates between φ = 2β and φ = β + 45◦ represent a barrier, and

φ = β + 45◦ is never reached for β < 45◦. A special case appears to be β = 45◦,
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where the work rate for further rotation past φ = 2β would decrease. This

suggests that kink bands with β ≈ 45◦ may be nearly able to shear past the

φ = 2β condition. The presence of any strain hardening would alter the work

rates shown in Figure 5.20 and raise the work rate at φ = 2β slightly higher

than the work rate at φ = 0. The presence of a small strain hardening rate may

be critical for preventing the further localized deformation in kink bands with

β = 45◦ that would be predicted to be possible for a perfectly plastic material.

5.5.4 Kink band model summary

Despite the simplicity of this analytical model for kink band formation (the

use of homogeneous stress and strain fields combined with a general anisotropic

yield surface), the results provide insight into the geometry and deformation

behavior of kink bands. The model provides an upper bound on β that is in

excellent agreement with experimental observations. Kink band formation with

β > 45◦ cannot occur, as the material outside of the kink band would yield

before the necessary stresses for kink band formation are developed.

The condition that the work rate during kink band formation must not ex-

ceed the work rate at kink band initiation provides a compelling argument for

why deformation of a kink band past φ = 2β does not occur. While this argu-
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ment shows that φ should never exceed 2β, further analysis of the yield criteria

and plastic strain rate increments are needed at values of φ nearly equal to 2β.

The results shown in Figure 5.18 indicate that the initial stages of kink band

formation (rotation from φ = 0) can occur without yield of the surrounding

specimen. Yet as φ increases towards 2β, the yield function of the surrounding

material is satisfied at values significantly below φ = 2β for highly anisotropic

materials. The behavior of the specimen when both the yield function of the

kink band and the specimen are simultaneously satisfied remains unknown. It is

possible that compatible plastic strain rate increments may be found that allow

the continued deformation of the kink band to φ = 2β. Alternatively, this con-

dition may correspond to the specimen undergoing a compatible deformation

(shear and rotation of the layers outside of the kink band) so that the φ = 2β

relationship is attained in the final deformed state. Further analysis of the be-

havior when both the kink band and the surrounding material are at yield is

needed.

5.6 Kink band propagation

In this section the phenomenon of kink band propagation will be consid-

ered. While the micropillar compression experiments discussed in Section 5.3
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showed that kink band formation in small specimens appears to occur by the

near-uniform shearing of a band of material, the in situ images recorded dur-

ing bulk layer parallel compression testing (Figure 4.21 in Section 4.4) showed

evidence of localized deformation initiating at a specimen corner and growing

across the specimen. In this section, in situ SEM compression tests are con-

ducted in order to determine whether kink band propagation occurs within bulk

specimens. This phenomenon is indeed observed, and the results from several

in situ SEM experiments showing high magnification views of kink band prop-

agation, as well as the interaction and intersection of propagating kink bands,

will be presented.

While the previous sections of this chapter have focused on the deformation

occurring within the kink band, the phenomenon of kink band propagation in-

troduces and additional consideration: heterogeneous deformation of the sam-

ple surrounding a propagating kink band. Strains surrounding a propagating

wedge shaped or ‘crack-like’ kink band may arise both from compatibility (con-

tinuity of the layered structure across a wedge shaped kink band) and stress

concentration resulting from a band of near uniform shear strain terminating in

a specimen. This is indeed an indication that yielding outside of the kink band

occurs and suggests that future analysis of the work rates during kinking should

consider this aspect of the problem.
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In order to investigate both the strain fields surrounding a propagating kink

band and the stability of kink band propagation, strain mapping via digital im-

age correlation was conducted during layer parallel compression of bulk (3.6

× 3.6 × 7.2 mm) 30 nm Cu-Nb specimens. Kink bands are observed to initiate

at specimen edges, propagate across the sample during a rising global stress,

and induce extended strain fields in the non-kinked material surrounding the

propagating kink band. It is proposed that these stress/strain fields significantly

contribute to the total energy dissipated during kinking and, analogous to crack

tip stress/strain fields, influence the direction of kink propagation and therefore

the kink band inclination angle (β).

5.6.1 Motivation

Most theoretical and experimental studies have focused exclusively on the

deformation occurring within the kink band. If a kink band forms by uniform

shear across the entire specimen, as was assumed for the kinematics description

in Section 5.5, the kink band is the only region that experiences significant de-

formation; the material on either side of the kink band undergoes only a rigid

translation during formation of the kink band. However, significant experimen-

tal evidence [153, 154, 158, 177, 186, 202–205] has shown that kink bands
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in many material systems form by initiation at a inhomogeneity or stress con-

centration followed by propagation across the sample. The propagation stage

is evident provided that the specimen is large relative to the width of the kink

band. The occurrence of kink band propagation was recognized early on: Chap-

lin, in a 1977 study of kinking in glass reinforced polymers, stated ‘Anyone who

has watched a compression test on a material which demonstrates this com-

pression crease [kinking] type failure be it fibre reinforced composite, wood

or some other natural material, will have noticed that it does not fail simul-

taneously across the section. The failure starts in one region and propagates,

often very rapidly, across the sample’ [206]. The propagation of kink bands in

oriented polyethylene was recorded during in situ tests as early as 1969 [154]

yet, presumably due the experimental difficulties of working with high strength

fiber composites, similar results were not published in composites literature un-

til decades later [177, 186, 202–204].

While the deformation (shear and rotation to φ = 2β) within a propagat-

ing kink band may be nearly identical to that proposed in models that assume

uniform kink band formation, the deformation of the specimen surrounding a

propagating kink band is markedly different. Compatibility between the kinked

and non-kinked material (continuity of fibers or layers) geometrically requires

distortion of the material surrounding the kink band. In a semi-infinite spec-
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imen, the material remains undistorted far in advance of the kink band tip,

while behind the kink band tip the specimen is displaced parallel to the kink

band by an amount proportional to the width of the kink band and the uni-

form shear strain within the kink band. This gradient in displacements naturally

requires an accommodation strain field in the material surrounding the kink

band. Additionally, stress concentration at the kink band tip leads to local strain

fields extending in advance of the kink band that are analogous to crack tip

strain fields. The presence of these distortions has been noted by observing

fiber bending near the tip of a propagating kink band [154, 177]. However,

only limited quantitative measures of the extent or magnitude of these strain

fields have been reported. An early study [207] used speckle interferometry to

map displacements surrounding a kink band in a carbon fiber/PEEK composite,

yet only displacement contour plots were reported and no further analysis was

conducted. A more recent investigation [208] used digital image correlation

(DIC) strain mapping during kink band formation in glass-fiber/epoxy compos-

ites and showed a decrease in the elastic strains behind the propagating kink

band, indicating softening and unloading. Unfortunately the large size of the

kink band compared to the specimen size did not permit careful study of strain

fields at the kink band tip. Kink band propagation was shown more clearly in a

2010 DIC study of failure modes during off-axis compression of unidirectional
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carbon-fiber/epoxy composites [205], however the focus of that investigation

was the construction of a failure envelope and therefore the details of kink band

propagation were not analyzed.

The local strain and stress fields in the material surrounding a propagating

kink band have not been considered in modeling efforts, yet they are impor-

tant in that they clearly contribute to the total work of kink band formation and

likely influence the direction of kink band propagation. Previous investigators

have attempted to explain why certain kink band inclination angles (β) should

be preferred by considering the effects of preexisting defects or by considering

only the deformation within the kink band [158, 181–183, 193]. Budiansky

[182] proposed that β was controlled by the elastic effects of preexisting local

imperfections, while Wadee [181] invoked non-isochoric deformation (during

multi-axial loading of paper stacks) and proposed that β was set by the layer

transverse compressibility. Several investigators [158, 183, 193] have assumed

or derived a relationship between β and φ and suggest that β evolves through

band boundary rotation as the material within the kink band shears. The ques-

tion of what determines the angle β has proved difficult to answer, with Bu-

diansky concluding that prospects for ‘a simple theoretical criteria for β based

only on analysis of final, uniform, kinked states are not promising’ [191]. The

difficulty that has been encountered in efforts to predict β may be attributed to

230



the lack of attention that has been paid to the propagation stage of kink band

formation. During kink band propagation, the interaction of the stress fields

driven by compatibility, as well as those arising from the stress concentration

at the tip of a kink band, with the anisotropic composite material should be

expected to influence the kink band propagation direction. By identifying the

factors that influence the propagation direction, and recognizing that the prop-

agation direction determines the boundary angle of the fully formed kink band,

an alternative explanation for what sets β may be found.

In the following sections, in situ SEM compression tests are used to demon-

strate that kink band formation in large Cu-Nb specimens occurs through the

initiation of a kink band at a stress concentration, followed by propagation of

the kink band across the specimen. The SEM images obtained during kink band

propagation reveal the rotation of the material within a propagating kink band

and demonstrate that the morphology of a propagating kink band is ‘crack-like’

(the kink band appears as a slender wedge shaped band). The results from DIC

strain mapping of bulk compression specimens are then presented and used to

quantify the strain fields associated with kink band propagation. The influence

of these strain fields on the kink band angle β and the total energy dissipated

during kink band propagation will be discussed.

231



5.6.2 In situ SEM observations

In situ SEM compression tests were conducted in order to determine whether

kink band propagation occurs in Cu-Nb nanolaminates. Additionally, these tests

were expected to provide insight into the sequence of events leading to the

complex networks of strain localization observed in post-test metallographic

analysis of the bulk compression specimens (Figure 5.6). Unlike the previous

in situ video recording using reflected light, SEM imaging using a BSE detector

allows the structure within a kink band to be observed clearly (due to both the

higher magnifications possible and the relative insensitivity of SEM imaging to

the small amount of surface relief that accompanies localized deformation).

Specimens with dimensions of 1 mm × 1 mm × 2.5 mm of either 30 nm or

65 nm Cu-Nb were prepared and tested as described in Section 2.5. The stress

axis for all tests was parallel to the transverse direction of the rolled material.

Imaging was conducted using an accelerating voltage of 25 kV, a spot size of

3, a working distance of 10 mm, and a 40µm aperture. Due to the position of

the BSE detector, some ‘shadowing’ resulted from the surface relief generated

during kink band formation: one side of the ridge that forms on a polished

specimen surface during kink band formation appeared brighter than the other

side due to its orientation with respect to the BSE detector. Nevertheless, the
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lamellar structure within the kink bands was successfully revealed in most cases.

While the specimen dimensions for the in situ SEM tests differed from those

used for the bulk layer parallel mechanical tests (Section 4.4), the specimens

were still many orders of magnitude larger than the layer size: the 30 nm SEM

compression specimens contained over 33,000 individual layers over the width

of the specimen. Thus no specimen size effect was expected; the results de-

scribed below are consistent with the appearance of kink band formation in the

larger specimens used for bulk layer parallel mechanical tests.

Figure 5.21 shows a sequence of low magnification BSE SEM images taken

during kink band formation in a 30 nm compression specimen. The entire width

of the lower end of the specimen is shown in the first frame, although due to

kink band formation and lateral straining of the specimen, the edges of the

specimen move out of the field of view in subsequent frames. The few dark

spots on the specimen surface are specks of dust, however these do not obscure

the view of kink band formation. A kink band is observed to initiate at the lower

left specimen corner and grow across the specimen, eventually intersecting the

opposite free surface. The angle of inclination (β) varies slightly during growth,

but is a nominal 29◦: a value that lies near the range of β values (24◦-27◦)

observed in the larger bulk compression specimens (Section 4.4). A discussion

of why certain β values may be preferred is reserved for Section 5.6.3.
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Figure 5.21: In situ SEM image sequence of kink band formation in a 30 nm
compression specimen. Kink band propagation as well as the intersection of
kink bands is evident.
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Once the kink band grows across the specimen, kink band broadening oc-

curs (Figure 5.21(d) and (e)). While the original kink band broadens to accom-

modate additional compressive strain, a second kink band emanating from the

right hand corner propagates and intersects the first kink band. This second kink

band shears the original kink band, creating an offset between the two halves

of the first kink band. Subsequent compression causes the second kink band

to broaden, yet interestingly no addition broadening of the initial kink band is

observed. This suggests that a kink band intersection may ‘lock’ the crossed kink

band, an idea that will be discussed further in Section 5.7. The last frame shown

in Figure 5.21 is a slightly lower magnification image from the end of the com-

pression test and shows the entire width of the specimen end. As mentioned,

some shadowing results from the peaked ridge of surface relief that occurs dur-

ing kinking. The highest point of this shallow triangular ridge corresponds to

the original propagation path and thus the different widths of the light and

dark sides of the kink bands shown in Figure 5.21 indicate that the kink bands

broaden preferentially in the direction away from the end of the specimen. This

observation is consistent with the constraint expected from the specimen ends.

Demonstration that the peak in the surface relief corresponds to the initial kink

band path provides a useful tool for analyzing kink band formation in specimens

where in situ imaging is not possible.
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The initiation of a kink band at a stress concentrating specimen corner in a

30 nm TD sample is shown at a higher magnification in Figure 5.22. The first

clearly distinguishable sign of a kink band emanating from the specimen cor-

ner occurs in Figure 5.22(b), with the kink band becoming even more clear in

Figure 5.22(c). The origin of the band appears to be slightly to the left of the

actual specimen corner, perhaps due to slight polishing-induced edge rounding

on the top face of the specimen (which would move the actual point of contact

between the specimen and the compression platen inward from the specimen

corner). The kink band propagates away from the corner in subsequent frames,

appearing to bifurcate in Figure 5.22(e) (shown at a higher magnification in

Figure 5.22(1)). Ultimately the lower branch becomes dominant as propaga-

tion continues, broadening in Figure 5.22(f) and Figure 5.22(g). The nominal

propagation angle β is 23◦, a value in the range of previously noted β values.

A final series of frames from the in situ SEM tests is shown in Figure 5.23.

In this experiment, two similarly inclined kink bands were observed to prop-

agate towards one another, resulting in the configuration shown in Figure

5.23(a). During additional straining, the kink bands connect (Figure 5.23(b))

and broaden. Further compression results in the formation of additional small

kink bands (Figure 5.23(e,f)) surrounding the broadening kink band and its in-

tersection with a preexisting oppositely inclined kink band. Figure 5.23 provides
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Figure 5.22: In situ SEM image sequence of kink band initiation at the corner
of a 30 nm TD compression specimen.
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an indication of how the complex networks of kink bands observed in Figure 5.6

arise.

The results from in situ SEM compression provide evidence that kink band

formation occurs through propagation from a stress concentrating feature (spec-

imen corners), followed by band broadening. Intersections with other kink

bands are observed, and it is clear that the ‘crossed kink band’ is sheared by

the crossing kink band.

a b c

d e f

Figure 5.23: In situ SEM image sequence of several kink bands in a 30 nm
compression specimen interacting. Two similarly inclined kink bands that prop-
agated towards one another are indicated with arrows in (a).

The kink band propagation phenomenon described above requires deforma-

tion of the specimen surrounding the propagating kink band (as layer continu-

ity across the wedge shaped kink band is maintained). Additionally, there is
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likely a stress concentration associated with a narrow wedge shaped kink band

terminating in a specimen. In order to obtained a quantitative measure of the

deformation surrounding a propagating kink band, DIC strain mapping was con-

ducted on bulk compression specimens.

5.6.3 Mechanical testing and DIC

In order to investigate the strain fields associated with kink band propa-

gation, DIC strain mapping was conducted on bulk layer parallel compression

specimens of the 30 nm layer thickness ARB Cu-Nb material. Several features

make this material attractive for the study of kink band propagation: 1) the load

drops associated with kinking are small relative to the high stresses at which

kink bands initiate, suggesting stable or near stable growth, 2) layer debond-

ing during kink band formation is infrequent, and 3) the layer length scale and

therefore minimum kink band length scale is orders of magnitude smaller than

the specimen size. This facilitates in situ observations of kink band propagation

and allows for high resolution DIC strain mapping of the strain fields surround-

ing a narrow, propagating, kink band.

Specimens for compression testing and DIC analysis were prepared as de-

scribed in Section 2.6. The specimens were compressed along the TD material
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direction at a strain rate of 10−4s−1 between rigid, non-rotatable platens. A laser

extensometer was used to record the nominal compressive strain throughout the

tests. In situ images were recorded at a rate of 2 images per second during com-

pression, allowing the surface strains to be obtained through DIC analysis as

described in Section 2.6.1.

5.6.4 Global stress-strain response and kink band initiation

Figure 5.24 shows the stress-strain response of a compression specimen, with

the strain calculated using the laser extensometer data. The results generally

match the mechanical behavior expected based on prior mechanical tests of the

same material (Chapter 4). Examination of the in situ images of the specimen

surface allows the stress-strain curve to be divided into two regimes: one prior

to the initiation of a visible kink band and labeled ‘uniform compression’ and

one regime corresponding to and labeled ‘kink band propagation.’ The stress-

strain curve does not display any sharp change of slope at the point of kink band

initiation, making determination of these regimes dependent on in situ observa-

tions. Kink band propagation occurs initially under a rising load (from 1142 MPa

to the maximum of 1205 MPa), however a sharp load drop (near the end of the

stress-strain curve) corresponds to the final propagation of the kink band across
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Figure 5.24: (a) Schematic of compression setup and DIC region. (b) Stress-
strain curve annotated to show uniform compression regime, kink band initia-
tion, and kink band propagation regime. Points 1, 2, and 3 prior to kink band
initiation correspond to DIC strain maps (εyy) shown in (c). The displacement
vector map overlay in (c3) indicates non-symmetric displacements which bias
kink band formation to occur from the upper left corner. The strain distribu-
tion in part (c3) is taken to be the reference configuration for subsequent DIC
analysis of the strains during kink band propagation, Figures 5.25 and 5.26.

241



the specimen. The rising load during the initial stages of kink band propagation

suggest that propagation is more difficult than the initiation of a kink band in

these samples. Based on the behavior of other DIC specimens and prior layer

parallel compression experiments (Chapter 4), continued compression would be

expected to induce kink band broadening at a near constant stress.

Compressive strain (εyy) maps of the imaged region of the specimen corre-

sponding to points ‘1,’ ‘2,’ and ‘3’ labeled on the stress-strain curve are shown

in Figure 5.24(c). As the specimen is loaded in the elastic range local strains

appear fairly homogeneous although, due to the effects of friction at the spec-

imens ends, a triangular constrained region near the specimen end and slight

specimen barreling are expected. Elevated strain values are observed at the

stress-concentrating specimen corners (evident in Figure 5.24(c3)), with the

left hand corner showing higher local strains than the right hand corner. The

overlaid displacement vector map shows non-symmetric displacements which

can be attributed to either non-uniform friction or a slight misalignment of the

specimen. The asymmetric displacements are presumably responsible for kink

band nucleation occurring at the left rather than right hand corner. Point ‘3’ is

taken to correspond to the beginning of kink band propagation as this frame

precedes the first frame in which a kink band can be clearly seen to extend from

the top left corner. It is likely that the true initiation point occurs slightly earlier
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and would have been detected earlier had high magnification microscopy been

conducted on that corner. As the focus of this section is kink band propagation

and not initiation, it is reasonable to take point 3 as the beginning of kink band

propagation. In order to distinguish small local strains during the subsequent

kink band propagation, all DIC analysis of propagation uses the specimen state

at point 3 as the reference state. This effectively zeros out the local strain values

shown in Figure 5.24(c3) and allows the shape of the strain field in front of

the propagating kink band to be shown clearly using the change in strain state

from the reference configuration (∆εxy and ∆εyy). This referencing also mini-

mizes the difference between the deformed and undeformed coordinate system,

providing a more accurate representation of the strain fields.

5.6.5 Kink band propagation

Figures 5.25 and 5.26 show the stress-strain curve, specimen image, and

∆εxy and ∆εyy strain maps during kink band propagation. The instantaneous

stress, total specimen strain (from laser extensometer data), and time since ini-

tiation are shown on the stress-strain curve. The kink band is evident as a dark

band on the full resolution specimen images due to deformation induced sur-

face relief, and an arrow is used to indicate the kink band tip location. The
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nominal angle of propagation and therefore kink band inclination angle (β) was

∼27◦ however the propagation across the last quarter of the specimen occurred

at a more shallow angle of ∼21◦ . These values are in good agreement with the

previously reported values for β in 30 nm TD compression specimens (24-27◦ in

Table 4.2 and 23-29◦ for in situ SEM tests).

The 2-D Lagrange strain tensor obtained from DIC has been transformed into

a coordinate system in which the x-axis is aligned with the nominal direction

of kink band propagation (a 27.5◦ rotation from the coordinate system used

in Figure 5.24) and ∆εxy lies parallel to the shearing action of the kink band.

Continued uniform straining of the specimen during compression is evident in

Figure 5.25, however the inhomogeneous strains adjacent to and in front of the

kink band become clear as the kink band length increases. While some elevated

local strains are present near the right hand corner, as expected due to the stress

singularity at that location, no visible kink band is observed. The pronounced

∆εxy strain field in front of the kink band shown in the bottom of Figure 5.25

extends across the entire specimen (millimeters ahead of the kink band tip),

becoming more diffuse and lower in magnitude as the distance from the tip

increases. The shear strain field is aligned with the eventual propagation path.

During the second half of propagation, Figure 5.26, the strain fields in front

of the kink band continue to increase in magnitude and spatial extent and the
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kink band propagation rate accelerates. No evidence of unloading is seen in the

material behind the kink band tip during propagation. The kink band morphol-

ogy during propagation is that of a very slender wedge (appearing crack-like),

with the kink band width tapering from approximately ∼30µm near the initia-

tion site to below 5µm at the visible kink band tip. This is seen more clearly in

Figure 5.27 which shows an image of the specimen taken one second before the

kink band reaches the specimen edge. While the kink band taper is somewhat

non-uniform, the nominal taper angle is ∼0.5◦.

By identifying the kink band tip location, the strain fields obtained though

DIC can be plotted in polar coordinates and compared to those of an inclined

crack. Based on the inclination angle of the kink band (∼27◦), a similarly in-

clined crack might be expected to have both a mode I and mode II component,

however the mode I stress intensity factor would be negated by tractions aris-

ing from crack face closure. Therefore the kink band tip strain fields will be

compared to those of a pure mode II crack. In addition to the elevated strains

near the kink band tip (Figure 5.26(a,b)), significant homogeneous compres-

sion is observed during kink band propagation (as seen from comparing Figure

5.25(a) to Figure 5.25(b)). Therefore it is expected that the experimentally ob-

served kink band strain field consists of a superposition of a uniform far field

strain and the strains associated with the stress singularity at the kink band tip.
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Figure 5.25: Kink band propagation, part 1: Stress-strain curve, in-situ image,
∆εxy strain map, and ∆εyy strain map during the initial stages of kink band
propagation. The arrow indicates the tip of the kink band as determined from
the full resolution optical images. Note that the coordinate system is rotated
to align with the kink band propagation direction and that different scales are
used for ∆εxy and ∆εyy. All calculated strains are referenced to the state of
the sample at the beginning of kink band propagation (dashed line on stress-
strain curve) and therefore do not include the nearly homogeneous compression
that occurred prior to kink band nucleation. Inset on the stress-strain diagram
gives stress, total sample strain (ε), and time (t) relative to start of kink band
propagation.
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Figure 5.26: Kink band propagation, part 2: Stress-strain curve, in-situ image,
∆εxy strain map, and ∆εyy strain map during the later stages of kink band propa-
gation. The arrow indicates the tip of the kink band as determined from the full
resolution optical images. Note that the coordinate system is rotated to align
with the kink band propagation direction and that different scales are used for
∆εxy and ∆εyy. All calculated strains are referenced to the state of the sample at
the beginning of kink band propagation (dashed line on stress-strain curve) and
therefore do not include the nearly homogeneous compression that occurred
prior to kink band nucleation. Inset on the stress-strain diagram gives stress,
total sample strain (ε), and time (t) relative to start of kink band propagation.
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Figure 5.27: Full resolution image showing kink band extending from the
specimen corner initiation site and terminating in the specimen (tip location
is marked with an arrow). Image has been rotated 27.5◦. The kink band ap-
pears as a very slender wedge, tapering from approximately ∼30µm to below
5µm over a length of 2.8 mm (a nominal wedge angle of ∼0.5◦).

Figure 5.28 compares the experimental kink band polar strain fields to those

resulting from the combination of the analytical linear elastic fracture mechanics

(LEFM) solution for a mode II crack and a small (0.4%) homogeneous compres-

sion. The LEFM strain field solution is given in Equation 5.40, where Y is the

elastic modulus and ν is the Poisson’s ratio. As with Figures 5.25 and 5.26, the

large uniform strain prior to kink band initiation is not included in the strains

presented in Figure 5.28. The magnitude of the small homogeneous strain that

was included in the calculation was obtained from the difference between the

experimentally measured ‘far field’ strain value at the lower end of the specimen

(3.6 mm from the kink band tip) and the theoretical contribution of the mode

II crack strains at the same location. While the stress intensity factor KII was

experimentally fit to the data, Figure 5.28 shows remarkably good agreement

in the angular distributions of strain as well as the radial dependence of εrr, εθθ,
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and εrθ. Material anisotropy may be responsible for the differences in the an-

gular strain distributions between the kink band fields and the isotropic LEFM

solution, although the discrepancies and therefore potential effects of material

anisotropy do not appear pronounced. Figure 5.29 provides a plot of the radial

distribution of strains along the θ = 0 and θ = −62.5◦ lobes and indicates gen-

erally good agreement between the kink band fields and the r−
1
2 singularity in

the elastic crack tip solution.

εrr =
KII

2Y
√

2πr
∗ (1 + ν)(−1 + 4ν + 3 cos θ) sin

θ

2

εθθ =
KII

2Y
√

2πr
∗ (1 + ν)(−3 + 4ν − 3 cos θ) sin

θ

2

εrθ =
KII

4Y
√

2πr
∗ (1 + ν)(cos

θ

2
+ 3 cos

3θ

2
)

(5.40)

The agreement between the mode II elastic crack tip fields and the experi-

mental kink band strain fields may seem surprising given that at a macroscopic

strain of∼4% these strain fields are expected to be fully plastic. While a more ap-

propriate comparison would be that between the kink band and the Hutchinson,

Rice, and Rosengren (HRR) plastic crack tip fields, analytical solutions for the

mode II HRR field angular dependencies are, to the best of the author’s knowl-

edge, unavailable. Therefore the analytical LEFM solutions are plotted, with the

only modification being that volume preservation was enforced by setting the

Poisson’s ratio equal to 0.5. While the LEFM solution was used in place of the
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Figure 5.28: Polar strain fields during propagation are similar to those obtained
from the superposition of the LEFM analytical solution for an inclined mode II
crack and a uniform far field compressive strain. The polar coordinate system is
rotated so that θ = 0 is aligned with the kink band propagation direction. The
elastic modulus was taken as 115 GPa (the average of Cu and Nb moduli), a
Poisson’s ratio of 0.5 was used, and the mode II stress intensity factor was fit to
the experimental data, resulting in KII = 53 MPa m1/2.
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Figure 5.29: Radial dependence of kink band and mode II crack polar strain
fields shown in Figure 5.28. εrr and εθθ are plotted at θ = 90◦ while εrθ is plotted
along θ = −27.5◦. These angles correspond to the two lobes in Figure 5.28 that
are oriented away from the compression platens and are therefore least likely to
be influenced by end constraints.
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HRR solution, the difference between the two is slight when KII is taken as a

fit parameter. The HRR solutions show similar angular dependencies of strain

and the HRR strain fields follow r−
n

n+1 [209], where n is the stress hardening

exponent relating plastic strain (εp) to a material constant (α) and stress (σ):

εp = ασn. For a near linear work hardening material (n ≈ 1), the strain asso-

ciated with the dominant singularity follows a relationship approximating r−
1
2 .

The small nonlinearity in the portion of the stress-strain curve corresponding to

kink propagation (Figure 5.24(b)) suggests that the strain associated with the

dominant singularity would show an r dependence close to that obtained from

LEFM (as observed in Figure 5.29). Thus, despite the strain fields at a macro-

scopic strain of ∼4% being fully plastic, the subtle differences in r dependence

between LEFM and HRR fields would not be distinguishable.

While the strain field maps in Figures 5.25, 5.26, and 5.28 provide a quan-

titative description of the distortion of the specimen, a more intuitive picture is

provided by exaggerating and applying the displacements obtained through DIC

to a series of lines representing the layered sample. This approach is modeled

on the work of Sun [208]. An image containing a series of vertical lines is gener-

ated with image dimensions matching the dimensions of the DIC displacement

data array (see Figure 5.30(a)). Each pixel of the original image is displaced

according to the DIC displacement data multiplied by a scaling factor (in the
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present case, 100). This large scaling factor, and therefore large exaggeration

of the displacement, is employed to amplify the small strains observed during

kink propagation. Due to this, it is only possible to apply the horizontal dis-

placements; applying equally exaggerated vertical displacements would cause

the image to collapse to nearly a line. Since only horizontal displacements are

applied, angles are not reproduced faithfully and the small region around the

kink band where displacement data are missing appears as if it were a material

discontinuity. Nevertheless, Figure 5.30 provides an indication of the deforma-

tion pattern surrounding a propagating kink band and points out features such

as the ‘reverse shear’ in the region below the kink band (Figure 5.30 (b,c)) that

is present, but not as apparent, in the strain maps in Figures 5.25 and 5.26. The

deformation of this region indicates that significant layer parallel shear occurs

adjacent to the kink band flank to accommodate the kink band.

5.6.6 Implications of DIC results

The in situ observations presented in Figures 5.25 and 5.26 show that kink

band propagation in Cu-Nb laminates can occur under a rising load during uni-

axial compression. The strain fields ahead of and surrounding the propagating

kink band are significant in magnitude and spatial extent: in Figure 5.26(b) a

253



(a) (b)

(c) (d)

horizontal displacements only (100x)horizontal displacements only (100x)

horizontal displacements only (100x)

σ = 1172 MPa

σ = 1199 MPa σ = 1157 MPa

Figure 5.30: Exaggerated (100x) horizontal displacements are applied to an im-
age containing vertical lines and representing the specimen (a). Images in (b),
(c), and (d), correspond to Figure 5.25(b), Figure 5.26(a), and Figure 5.26(c)
respectively. While vertical displacements are not included, these exaggerated
representations point out features of the specimen distortion such as the reverse
shear below the kink band in (b,c) that are mapped quantitatively in Figures
5.25 and 5.26.
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1.5 mm2 area of the strain field ahead of the kink band contains ∆εxy values in

excess of 1%. While the shear strain within the kink band is very large (γ = 1.12

given β = 27.5◦ and φ = 2β), the area of the kink band in Figure 5.26(b) is no

greater than 0.03 mm2. The work of deformation (Φ) is proportional to the area

(A), plastic strain (εpij), and stress (σij) of the material assuming plane strain

fully plastic deformation (Equation 5.41).

Φ =

∫
σijε

p
ijdV

∝ σijε
p
ijA

(5.41)

Although simplistic, comparing the relative areas and strain magnitudes and

assuming equal stresses inside and outside of the kink band indicates that the

energy required to form the strain field extending in front of the kink band is

approximately one half of the energy required to deform the material within

the kink band. That is, despite the large strain within the kink band, the much

larger area of the surrounding material allows the small strains in the kink band

tip strain field to contribute significantly to the total energy dissipated. This

evaluation almost certainly underestimates plastic dissipation in the strain field

as the contributions of material sheared less than 1% are neglected. While pre-

vious studies have examined the work contributions from deformations within a

kink band and sought to explain the geometry of kink bands using energy mini-
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mization arguments [181, 183, 210], any prediction of total energy dissipation

during kink band formation must include consideration of the deformation field

in front of a propagating kink band.

Two distinct factors responsible for the local strain fields during kink band

propagation can be identified: 1) compatibility between the wedge shaped kink

band and non-kinked ‘matrix’ (accommodation strains) and 2) the stress con-

centration at the tip of a kink band terminating in a specimen. Accommodation

strains around a wedge shaped kink band arise due to the variation in kink band

width and continuity of layers across the kink band. The homogeneous local

shear strain in the material within a kink band with inclination β and rotation φ

(Figure 5.2) is given by Equation 5.42.

γ = sec2(β − φ) (5.42)

The displacement of the layered structure across the kink band is a function

of the width of the kink band and the shear strain within the kink band. The

slightly wedge shaped kink band morphology shown in Figure 5.27 indicates a

gradient in kink band width and therefore a gradient in displacements along the

kink band boundary. This displacement gradient, combined with the previously

observed layer continuity across kink bands, requires a corresponding displace-
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ment gradient in the non-kinked material adjacent to the band boundary. The

necessity of an accommodation strain field surrounding a wedge shaped kink

band has been pointed out in work on oriented polymers [211], and a close

analogy is found in the strain field surrounding a deformation twin terminating

in a single crystal [212]. Given the wedge shaped morphology of the propagat-

ing kink band (Figure 5.27) and the numerous non-parallel kink band bound-

aries observed post-test in compression specimens (Figure 5.6(d)), it appears

that accommodation strain fields are commonly associated with kink bands in

Cu-Nb laminates.

While accommodation strains are clearly required for a wedge shaped kink

band, these strains are necessary in the material surrounding a propagating kink

band regardless of the shape of the propagating band. They are an unavoidable

result of compatibility between the kinked and non-kinked material when a kink

band terminates in a specimen. Figure 5.31 shows several possibilities for the

shape of a kink band propagating through a layered material. These schematics

are drawn so that the layers outside of the kink band remain vertical, a sim-

plifying representation that emphasizes the layer transverse component of the

geometrically required strain field. Here it is assumed that the kink band need

not grow in a self similar manner: the kink band ‘tip zone’ may have a different

morphology than the portions of the kink band far removed from the tip. The
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uniform wedge shape, Figure 5.31(a), requires a linear displacement gradient

at the boundary and leads to accommodation strains that are uniform along

the length of the kink band. Figures 5.31(b), (c), and (d) show kink bands with

parallel sides and various tip morphologies that result in accommodation strains

present only near the tip zone. Varying the width of the kink band tip zone (Fig-

ure 5.31(b)) and varying the rotation φ in a kink band tip zone (Figure 5.31(c))

results in similar accommodation strains while a non-uniform wedge or ellipti-

cal kink band tip zone requires nonlinear displacement gradients at the bound-

ary and results in non-uniform accommodation strains. Various morphologies

of propagating kink bands have been reported in the literature: a self-similar

wedge is consistent with the experimental observations of Robertson on kinks in

oriented polymers [154], a parallel sided band terminating in a wedge shaped

tip zone was considered by Pertsev [213, 214], and a parallel sided band termi-

nating in a zone of variable fiber rotation φ matches the observations of Vogler

for kink bands in polymer matrix fiber composites [177]. Other experimental

work points towards a combination of variations in φ and gradients in kink band

width at the tip zone of a kink band [153].

A clear difference in the distribution of accommodation strains is evident

between a self-similar wedge (Figure 5.31(a)) and a band possessing parallel

sides and a district tip zone (Figure 5.31(b), (c), and (d)). The question re-
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mains, however, of why one morphology should be preferred over another and

whether the constitutive behavior of the material influences the morphology of

a propagating kink band. Consider the two kink band morphologies shown in

Figure 5.31(a) and (b) propagating through either an elastic or plastic spec-

imen. The self-similar wedge shaped kink band 5.31(a) has accommodation

strains adjacent to the kink band. An incremental advance of the kink band

(Figure 5.31(e)) subjects additional material now adjacent to the newly created

kink band segment to the geometrically required accommodation strain. The

material that was adjacent to the kink band boundary prior to its advance re-

mains distorted. In contrast, the advance of a kink band with parallel sides and

a wedge shaped tip zone (Figure 5.31(c)) requires both distortion of the ma-

terial adjacent to the newly created kink band tip zone and a reversal of the

accommodation strains in material that now lies next to the parallel boundary.

This is illustrated in Figure 5.31(f). In the case of purely elastic accommoda-

tion strain fields, such a reversal of the accommodation strains behind the tip of

the kink band would lower the strain energy in the material and should be pre-

ferred. If, however, the accommodation strain fields are predominantly plastic,

such a reversal would be dissipative and require additional (redundant) plas-

tic deformation. Thus a uniform wedge shape should be preferred when the

accommodation strains are predominately plastic. This argument agrees with
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(a) (b) (c) (d)

propagation of ‘uniform wedge’ kink band propagation of ‘wedge tip’ kink band

(e) (f )

Figure 5.31: Schematic illustrating potential geometries for a kink band termi-
nating in a specimen (a-d) and resultant accommodation strains. (e) and (f)
show kink bands with either a uniform wedge shape (e) or a wedge shaped
tip (f) advancing through the specimen. The dashed lines denote the original
boundaries of the accommodation strain region.

the observation that kink bands propagating through yielded Cu-Nb nanolami-

nates and compliant polymers posses a fairly uniform wedge morphology [154],

while kink bands propagating through fiber composites (in which the fibers re-

main elastic) tend to have parallel sided kink bands with a district tip zone

[153, 177].

The second factor responsible for local strain fields during kink band prop-

agation is the stress concentration that occurs at the tip of the kink band. The

long, narrow, propagating kink band shown in Figure 5.27 has strong similar-

ities to a mode II type shear crack and is found to have similar strain fields in
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front of the kink tip (Figure 5.28). Several investigators have proposed fracture

mechanics based approaches to modeling kink band propagation. Moran and

Shih [153] proposed modeling kink band propagation as growth of a predomi-

nantly mode II crack with bridging tractions through an anisotropic material, yet

they did not have the experimental fields in hand to motivate such a modeling

effort. Bažant [215] proposed and conducted an analysis treating the kink band

as a crack with a significant fracture process zone at the kink band tip. While

no existing theoretical analysis accounting for material anisotropy, bridging trac-

tions, and displacements prescribed by the kink band geometry is available to be

compared with the experimental results shown in Figures 5.25, 5.26, and 5.28,

the similarities to the mode II crack strain fields in Figure 5.28 are compelling.

With the experimental kink band tip strain field data to serve as validation, the

development of a fracture mechanics based approach to kink band propagation

in metallic multilayers appears promising.

Both compatibility driven accommodation strains along the kink band flank

and the extensive strain fields emanating from the kink band tip are expected to

influence the direction of kink band propagation and therefore the kink band in-

clination angle β. The observed kink band inclination angle of 21-27◦ is far from

the 45◦ angle expected from bifurcation analysis of plane strain shear localiza-

tion in perfectly plastic isotropic materials [216], suggesting that these factors
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may have significant influence. In the case of the accommodation strains, the

magnitude of the accommodation strain component parallel to the kink band

boundary is set by the angle of the wedge shaped kink band and the shear strain

within the kink band. The kink band inclination angle, β, determines how this

strain component is oriented with respect to the anisotropic material through

which the kink band propagates. Various kink band inclination angles would re-

sult in different distributions of the accommodation strains in the surrounding

anisotropic material and presumably different energy penalties associated with

the accommodation strain fields. Likewise, the energy of the strain field in front

of a propagating kink band should depend both on the constitutive behavior of

the composite material and the orientation of the kink band. Attempts to pre-

dict why certain kink band inclination angles (β) should be preferred without

consideration of the details of kink band propagation neglect the effects of these

extensive strain fields. Just as the prediction of crack propagation paths requires

consideration of material anisotropy, it is likely that successful prediction of the

kink band propagation angle requires consideration of the anisotropy and local

deformation of the material surrounding the propagating kink band.
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5.7 Kink band intersections

The previous sections have addressed both the deformation inside of a kink

band and the deformation of the specimen surrounding a propagating kink

band. However a final aspect of kink band formation must be discussed: kink

band intersections. The formation of the complex networks of intersecting

kink bands observed in post-test metallographic analysis (Figure 5.32) occurs

through many individual kink band crossing events; events in which a propa-

gating kink band crosses a preexisting kink band. The in situ SEM compression

tests discussed in Section 5.6.2 indicate that the two segments of a crossed kink

band are offset from one another by the shear within the crossing kink band.

While broadening of a crossing kink band during further specimen compression

is observed, broadening of a crossed kink band appears to be inhibited by the

presence of the other kink band. In this section, the geometry of kink band in-

tersections is analyzed using information obtained from post-test metallographic

analysis of the bulk layer parallel compression specimens discussed in Section

4.4.

Figure 5.33 shows two high magnification BSE SEM images of a kink band

intersection in a 30 nm TD compression specimen as well as a schematic of the

region where these images were taken. The in situ SEM results showed that a
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ii
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Figure 5.32: A polarized light optical image of a complex network of kink bands
in a 15 nm Cu-Nb compression specimen. Kink band intersections (i), bifurca-
tions (ii), and terminations (iii) are evident. The original layer orientation and
compression direction is vertical.

crossed kink band is sheared by the crossing kink band, a result that allows the

crossed and the crossing kink band to be identified (these kink bands are labeled

‘A’ and ‘B’ respectively in Figure 5.33). The region of A that is intersected and

sheared by B creates a third ‘twice sheared’ region labeled ‘C’. Both A and B show

the φ = 2β relationship (the boundary bisects the angle between the kinked and

non-kinked layers). If the non-kinked material is considered to be the ‘matrix’,

both the A/matrix and B/matrix boundaries follow φ = 2β. Interestingly, the

A-C boundary also shows φ = 2β: the angle between the layers in A and C are

bisected by the A/C boundary. Despite the material in C having been sheared

along the shear direction of A, the layers in C remains parallel to the layers

in B. Thus C has deformed by simple shear parallel to the layers, which does
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not produce any rotation of the layers. This can only occur if the kink band

boundary of A (and therefore the invariant plane of shear in A) lies parallel to

the layer orientation in B.

A

C

B

A

C

B

A

C

B

Figure 5.33: SEM micrographs of a kink band intersection in a 30 nm TD com-
pression specimen and a schematic showing a larger view of where the micro-
graphs were taken from.

Due to the geometrical similarities between kink bands and deformation

twins (as discussed in Section 5.1), it is worth exploring whether previously

developed rules for deformation twin intersections may be applied to kink band

intersections. The geometry of a deformation twin, adapted from Reference
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[212], is presented in Figure 5.34. According to the classical theory of defor-

mation twinning, deformation twins can be considered to form by the homo-

geneous shear of a band of material in a crystal. The boundary of the twin is

the ‘invariant shear plane’ (K1) and the shear direction (η1) lies in this plane.

K2 is the second undistorted plane of shear (the shear deformation rotates, but

does not leave the K2 plane distorted in the final twined geometry). Finally, the

direction η2 is referred to as the conjugate shear direction. Figure 5.35 shows a

more clear illustration of how the (rotated) twin geometry relates to the geom-

etry of a kink band: K1 is the kink band boundary plane while K2 is the plane

of the kinked layers.
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η
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= shear direction

s   = shear magnitude 
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(κ )

2
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Figure 5.34: A schematic indicating the K1 and K2 planes and the η1 and η2

direction of a deformation twin, adapted from Reference [212].

Crystallographically admissible deformation twin intersections have been ob-

served in several materials including uranium [212]. These intersections arise

when a deformation twin crosses a preexisting twin, resulting in the formation

of a ‘secondary twin’ in the crossed region [217, 218]. The following discussion
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Figure 5.35: An image of a kink band accompanied by a rotated schematic of
the deformation twin geometry, showing how the twin geometry relates to kink
bands.
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will refer to the ‘crossing twin (A)’ (the twin that propagates across the initial

twin), the ‘crossed twin (B),’ and the ‘secondary twin (C)’ (the segment corre-

sponding to overlap of the crossed and crossing twin). Cahn [217] developed a

set of rules, based solely on compatibility across the twin-matrix and twin-twin

boundaries formed during twin crossing. These rules are:

1. The traces of the crossing twin A and the secondary twin C in the K1 plane

of the crossed twin B must be parallel.

2. The direction (η1) and magnitude (s) of shear in the crossing and sec-

ondary twin must be identical.

These conditions can be met if η1 of the crossing twin is contained in the

plane K1 of the crossed twin. This geometry, proposed by Cahn, is shown in

Figure 5.36(a), where the twin plane and direction notation is depicted again

(Figure 5.36(b)). In Figure 5.36(a), the twin boundaries (K1) of the crossed

twin remains undeflected, as the shear direction of the crossing twin lies parallel

to these boundaries. This geometry accurately describes twin intersections in

uranium, and allows determination of the crossed twin and crossing twin (and

therefore the sequence of twin growth) by inspection [218].

The geometry for twin intersections shown in Figure 5.36(a) is not applica-

ble to kink bands. The in situ SEM experiments clearly show that the crossed
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Figure 5.36: Geometry of deformation twin intersections proposed by Cahn
[217].

kink band is sheared by the crossing kink band (Figure 5.21), in disagreement

with Cahn’s twin intersection geometry. However, a second geometry for twin

intersections that also follows Cahn’s compatibility rules was proposed by Liu

[219]. In this twin intersection geometry, shown in Figure 5.37, the crossing

twin (A) remains straight while the crossed twin (B) is deflected (η1 of A is

not contained in K1 of B). While according to Christian [212], Liu’s proposed

geometry is ‘not generally compatible with the crystallography of twinning,’ it

accurately describes the geometry of kink band intersections.

As was shown in Figure 5.33, and applying the notation for twins to kink

bands, the geometry of kink band intersections is such that the shear direction
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Figure 5.37: Geometry of deformation twin intersections proposed by Liu
[219].

(η1) of the crossing kink band (A) lies parallel to the layer planes (K2) in the

crossed kink band (B). This provides the condition:

φB + βA =
π

2
(5.43)

Assuming that φ = 2β in both A and B, the condition becomes:

βA =
π

2
− 2βB (5.44)

It is assumed that, consistent with experimental observations and in accor-

dance with the modeling results described in Section 5.5, β must be ≤ π
4

for

kink bands in Cu-Nb nanolaminates. Combining this restriction with the con-
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dition in Equation 5.44, it is clear that β of the crossed kink band (B) must lie

within a certain angular range: π
8
≤ βB ≤ π

4
. Thus any kink band with β < π

8

(or equivalently φ < π
4
) cannot be crossed by a second kink band.

While not obvious from inspection alone, if φ = 2β in both kink bands (A

and B) and Equation 5.44 is satisfied, it is geometrically required that φC = 2βC .

That is, the A/matrix, B/matrix, and A/C boundaries are all mirror planes and

there is no layer orientation change across the boundary A/B, as experimentally

shown in Figure 5.33. Thus the only condition that needs to be satisfied for kink

band intersections is Equation 5.44.

One final aspect of kink band intersections should be considered: does the

intersection of two kink bands result in a constraint that limits the ability of

one of the kink bands to broaden during subsequent compression? This was

suggested by the in situ SEM compression test shown in Figure 5.21, where the

crossing kink band, but not the crossed kink band, broadened during further

compression.

Figure 5.38 shows a schematic of a kink band intersection in which both

kink bands A and B follow the φ = 2β relationship, and the condition for kink

band intersections given in Equation 5.44 is satisfied. If the crossing kink band

(A) broadens (Figure 5.38(a)), shear would occur along the A-matrix interfaces
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in the same manner as if kink band B was not present, and an identical shear

displacement would occur along the B/C boundary. This B/C boundary lies

parallel to the layer orientation in B and C, allowing this shear displacement to

be accomplished through pure layer parallel shear, an easy deformation mode

for these materials. Thus the intersection of two kink bands places no restriction

on band broadening of the crossing kink band.

The situation is different if band broadening of the crossed kink band is

envisioned (Figure 5.38(b)). In this case, shear along the lower boundary of the

left half of kink band B requires shear at the B/matrix interface and layer parallel

shear in A but would also require the formation of a new kink band on the right

hand side of the diagram (in order for shear displacements to be continuous).

If B is envisioned to broaden instead along the upper left B-matrix interface,

this would require shear along the B-matrix interface, shear at an angle nearly

perpendicular to the layers in C, layer parallel shear in a small region of A,

and the formation of a new kink band immediately below the right half of kink

band B. In both scenarios, nucleation of a new kink band would be required and

is expected to require higher stresses than those required for band broadening

of the crossing kink band (Figure 5.38(a)). Thus from a simple geometrical

argument, kink band intersections appear to provide a constraint that inhibits

band broadening of the crossed kink band.
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Figure 5.38: Schematic illustrating the constraint that a kink band intersections
has on continued kink band broadening. Broadening of the crossing kink band
(labeled A) is permitted, but broadening of the crossed kink band (labeled B)
requires the formation of an additional kink band.

5.8 Summary

In this chapter, experimental results from post-test analysis of bulk layer par-

allel compression specimens, in situ SEM compression tests, micropillar com-

pression tests, and digital image correlation strain mapping of the strain fields

surrounding a propagating kink band have been presented. These results pro-

vide insight into the mechanism of kink band formation in bulk specimens and

micron scale specimens, elucidate the kinematics of deformation within the kink

band, and indicate that both significant deformation and energy dissipation oc-

cur in the specimen surrounding a propagating kink band. From the experi-
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mentally observed deformation behavior, the kinematics necessary to construct

a model of kink band formation have been been obtained. This model has suc-

cessfully applied bounds to the possible range of kink band inclination angles

(β) and provided a plastic work rate argument that indicates that deformation

beyond the φ = 2β condition is unfavorable compared to the formation of a new

kink band.

The φ = 2β relationship is consistently observed in post-test analysis of kink

bands in Cu-Nb nanolaminates. The nearly constant φ observed in post-test

specimens, as well as the distortion of platinum markers applied prior to kink

band formation, indicate that the transformation from φ = 0 to φ = 2β results

in a macroscopically homogeneous strain within the kink band (straight lines in

the undeformed configuration remain straight in the final deformed configura-

tion). Analysis of the kink band boundary geometry indicates a lack of voids or

delamination, an observation from which it is concluded that the deformation

associated with the transformation from φ = 0 to φ = 2β is isochoric.

The simplest description of kink band formation that reproduces the final

kinked state through volume preserving deformation is one of simple shear par-

allel to the kink band boundary. While undoubtedly an approximation to the

real kinematics of kink band formation, a homogeneous simple shear parallel

to the kink band boundary appears to be a reasonable description of kink band

274



formation as observed in micropillar compression experiments. The load drop

observed during micropillar compression provides an indication of the geomet-

ric softening that occurs as the layers within the kink band are rotated, yet the

minimum in load does not occur at φ = 45◦ as would be expected based on a

simple analysis of resolved shear stress on the layers. Instead, this load mini-

mum occurs at φ = β.

The analytical model developed for kink band formation in a perfectly plastic

anisotropic material indicates that the work rate during kink band formation

would decrease from φ = 0 to φ = β. A minimum work rate occurs at φ = β, a

condition that corresponds to the minimum load in the micropillar compression

experiments. The model also indicates that the work rate at φ = 2β is equal

to the work rate at φ = 0, and increases beyond this condition for all β < 45◦.

This suggests a driving force for the formation of a new kink band, as this would

require less work than the continued shear and rotation past φ = 2β of the

original kink band.

The most important conclusion from the model developed for kink band

formation is that neither the non-isochoric deformation, delamination, or in-

extensible fibers/layers assumed in models developed for fiber composites are

required to explain why deformation within a kink band would cease at φ = 2β

relationship. The work rate argument for ‘lock up’ at φ = 2β, assuming only per-
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fectly plastic deformation of an anisotropic material, is sufficient. This provides

a theoretical underpinning to a much more general understanding of kink band

formation, one that is not dependent on highly restrictive assumed constitutive

behavior (such as inextensible fibers). While anisotropy is still required, this

broad model is more easily reconciled with the tremendous range of material

classes in which the phenomenon of kink band formation has been observed.

While the initial results and predictions that have been made with the kink

band model are encouraging, additional work is needed to determine the behav-

ior of the specimen when the yield functions of both the material inside of the

kink band and the non-kinked specimen surrounding the kink band are satisfied.

Additionally, the description of kink band formation is significantly complicated

by consideration of the propagation stage observed in specimens that are large

relative to the layer size. In the large specimens used for in situ SEM com-

pression and DIC strain mapping compression tests, kink bands are observed to

initiate at stress concentrations at the specimen corners and propagate across

the specimens. A significant fraction of this propagation event occurs stably

during a rising global load. Spatially extended strain fields resembling those

expected for a mode II crack are observed in front of the kink band during prop-

agation. The size of these fields is on the order of the kink band length, with the

magnitude of distortion decreasing with distance from the kink band tip.

276



Analysis of the deformation surrounding a propagating kink band reveals

important additional aspects of kink bands formation. First, the wedge shaped

morphology of the propagating kink band indicates the presence of an accom-

modation strain field adjacent to the kink band. Secondly, there is a stress sin-

gularity associated with a kink band terminating in a specimen. Analysis of the

strain field in front of a propagating kink band indicates very good agreement

with the analytical solution for the dominant singularity at the tip of a mode II

crack, suggesting that a fracture mechanics based analysis of kink band propa-

gation is appropriate. Finally, while the strain level in the kink band tip strain

field is approximately two orders of magnitude smaller than the strains within

the kink band, the much larger volume of the kink band tip strain field results in

a significant contribution to the total work of kink band formation. The energy

of the kink band tip strain field must be considered in any accurate calculation

of energy dissipation during kink band propagation. These strain fields should

also be considered for a more complete description of kink band kinematics,

where first a large volume of material in front of a kink band is deformed as a

result of the kink band tip stress field, followed by the formation of a narrow

region of high shear strain associated with the advance of the kink band.
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Chapter 6

Conclusions and Recommendations

for Future Work

The objectives of this research were to synthesize bulk Cu-Nb nanolami-

nates using the ARB process, to determine the influence of the nanolamellar

microstructures on mechanical behavior and flow stress anisotropy, and to ex-

plore the deformation behavior of these bulk nanocrystalline materials. Sig-

nificant improvements to the ARB process were required in order to produce

material with the large dimensions and microstructural homogeneity required

to obtain reliable mechanical test data. In addition to facilitating layer paral-

lel tension, layer normal compression, and off-axis compression tests to char-
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acterize flow stress anisotropy, the bulk ARB produced material allowed layer

parallel compression tests to be conducted. In these tests, deformation of metal-

lic nanolaminates by kink band formation was observed for the first time. The

kinematics of kink band formation in ductile nanolaminates were determined

through post-test metallographic analysis, in situ SEM, and micropillar compres-

sion tests. These kinematics enabled the construction of an analytical model for

kink band formation in perfectly plastic anisotropic materials, a model that has

provided bounds on the acceptable kink band angles and angular relationships

(φ ≤ 2β). It is expected that both the model and insights from the experimental

characterization of kink bands, most notably the characterization of the strain

field surrounding a propagating kink band, can be applied to the general phe-

nomena of kink band formation and will inform future studies of kink band

formation in other material systems.

The key findings from these investigations are summarized below, with rec-

ommendations for future work discussed in Section 6.1.

1. The accumulative roll bonding process has greatly facilitated the synthe-

sis of metallic multilayers, with bulk (4 mm × 10 mm × 100 mm) sheets

of Cu-Nb nanolaminates containing >200,000 individual layers being rou-

tinely processed. Significant improvements in the microstructural homo-
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geneity of metallic nanolaminates has been achieved by altering process-

ing parameters, including introducing intermediate annealing steps into

the ARB processing of Zr-Nb nanolaminates.

(a) Multistack and clad ARB processing methods have been implemented

to decrease the required processing time and eliminate the creation

of new interphase interfaces during ARB synthesis of Cu-Nb nanolam-

inates.

(b) The formation of pure Nb as well as intermixed Cu-Nb inclusions in

ARB processed material was found to result from surface damage and

burr formation during wirebrushing. The use of a wirebrush with

smaller diameter bristles, combined with the implementation of the

clad ARB process, largely eliminated these defects.

(c) While room temperature processing of Zr-Nb multilayers resulted in

loss of layer continuity at cumulative rolling strains >3, the intro-

duction of a 575◦C annealing step after every other ARB processing

step suppressed layer fragmentation and allowed for successful ARB

processing and synthesis of Zr-Nb nanolaminates with nominal layer

thickness of 88 nm.

(d) The high rolling loads and roll diameters required for successful
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ARB processing result from the large minimum threshold reductions

needed to achieve cold roll bonding. For Cu and Nb, successful cold

roll bonding required percent reductions exceeding 50%.

2. Significant changes in crystallographic texture, grain size, and grain mor-

phology occur throughout ARB processing of Cu-Nb multilayers.

(a) The crystallographic texture of the Cu and Nb phase strengthens as

the layer thickness is decreased, with the texture of the <100 nm

nanolaminates differing from the conventional Cu and Nb rolling tex-

tures observed in the >20µm layer thickness multilayers.

(b) Grain refinement is observed in coarse multilayers (layer thickness of

500-40µm). Sub-micron grain sizes are attained in both phases even

at a layer thickness of 20µm.

(c) The grain structure of the layers transitions from polycrystalline to

single crystal through thickness as the layer size is reduced. The

Cu layers become predominately single crystal though thickness at

245 nm while the Nb layers become single crystal through thickness

between 140 and 30 nm.

(d) Once the layers become predominantly single crystalline through

thickness, grain aspect ratios increase dramatically as the layer thick-
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ness is refined. Grain aspect ratios in both phases exceed 1:50:5

(ND:RD:TD) at layer thicknesses below 58 nm.

3. The layer parallel tensile flow strength and both layer parallel and layer

normal compressive flow strengths increase monotonically with decreas-

ing layer thickness over the range of layer thicknesses tested (1800-

15 nm).

(a) The layer parallel tensile tests indicate that the relationship between

yield strength and the inverse square root of the layer thickness is

linear, in agreement with the Hall-Petch equation. The Hall-Petch

coefficients calculated from RD and TD tensile data are 0.078 and

0.080 MPa m1/2.

(b) The observed TD versus RD flow stress anisotropy is attributed to the

effects of crystallographic texture, as determined though polycrystal

modeling. The degree of anisotropy varies between 8 and 13%, with

TD tension specimens showing a higher flow strength than RD tension

specimens.

(c) As with the tensile tests, compression specimens tested along the

RD, TD, and ND show an approximately linear increase in the flow

strength with the inverse square root of layer thickness.
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4. Cu-Nb nanolaminates possess a low layer parallel shear strength, as indi-

cated by compression tests conducted at 45◦ to the layered structure. The

stress required for layer parallel shear versus layer parallel/normal com-

pression diverges (the material becomes increasingly anisotropic) as the

layer thickness is refined below 245 nm.

(a) The stress required for layer parallel shear, as measured via off-axis

compression specimens, is lower than the stress required for ND, TD,

or RD compression at all layer thicknesses. This is consistent with the

relaxed constraints on co-deformation associated with layer parallel

shear of a laminate.

(b) The flow strength for RD shear is greater than that for TD shear. This

result may be partially attributed to crystallographic texture but re-

quires consideration of other factors such as layer waviness to fully

explain the in-plane shear strength differences.

(c) The divergence between the stress required for layer parallel shear

and layer parallel/normal compression and tension begins at a layer

thickness of 245 nm, with the anisotropy becoming more pronounced

as the layer thickness decreases. At a layer thickness of 30 nm, the

resolved shear stress required for TD shear is <25% of the stress re-
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quired for RD, TD, or ND parallel compression.

(d) The low layer parallel shear strength cannot be attributed to inter-

facial sliding or interfacial shear, based on the very high (>1.5 GPa)

predicted shear strength of these interfaces. The increase in layer par-

allel shear versus layer parallel stretch anisotropy correlates with the

significant increase in grain aspect ratios, suggesting that this trend

in anisotropy results from the effects of highly elongated grains and

the resulting disparities in dislocation obstacle spacing.

5. Kink band formation is the dominant deformation mode during layer par-

allel compression of sub-100 nm layer thickness Cu-Nb nanolaminates.

This form of strain localization results in bands of large local deforma-

tion in which the layers are uniformly misoriented from the surrounding

material. In contrast to the ND compression specimens, the layer paral-

lel compression specimens that deform by kink band formation show no

evidence of failure at compressive strains less than 25%.

(a) Kink bands observed in post-test specimens display the φ = 2β rela-

tionship, a geometry that is maintained even at kink band intersec-

tions.

(b) The deformation resulting in kink band formation appears to be iso-
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choric, with no evidence of widespread layer debonding or void for-

mation. This indicates that substantial (∼35% for β =45◦) layer

transverse strain occurs during kink band formation.

(c) A model based on the observed kinematics of kink band formation

has been developed. This model applies to plane strain kink band

formation in a perfectly plastic anisotropic material and confirms that

kink band formation (rotation from φ = 0 towards φ = 2β) can occur

even when kinking is approximated as a homogeneous shear parallel

to the kink band boundary.

(d) The analytical kink band model indicates that kink bands with β >

45◦ should never form, a result in excellent agreement with experi-

mental observation of kink band β values in Cu-Nb nanolaminates.

The kink band model also indicates that rotation past φ = 2β should

be unfavored, as the plastic work rate would increase above that re-

quired to form a new kink band.

(e) Micropillar compression experiments indicate that the geometric soft-

ening that occurs during kink band formation is maximal at φ = β, a

condition that corresponds to the minimum work rate as determined

from the kink band model.

(f) While kink band formation in micropillar compression specimens ap-
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pears to occur through the near homogeneous shear of a band of

material, in situ SEM compression and bulk DIC compression tests

indicate that kink band formation in large specimens involves propa-

gation of the band.

(g) Kink band propagation results in spatially extended strain fields in

front of the kink band tip. These fields show good agreement with

those expected for a mode II crack, suggesting that a fracture me-

chanics approach to kink band formation may be appropriate. These

fields also indicate that, in large specimens, the plastic dissipation

due to deformation outside of a kink band is on the order of that due

to the deformation within the kink band.

6.1 Recommendations for future work

Several promising areas for further investigation have been identified in this

work. These include the effects of elevated ARB processing temperature, the

role of grain shape on plastic anisotropy, and several matters related to kink

band formation. Recommendations for future research are presented below.

While the improvements made to the ARB process discussed in Chapter 3

have enabled significant advances in the quality and quantity of nanolaminate
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material that can be produced, the challenges associated with truly industrial

scale ARB processing remain daunting. Due to the high flow strength of the

workpiece, the large threshold reductions needed to achieve cold roll bond-

ing, and the low coefficient of friction for cold rolling, rolling mills with very

high load capacities and large roll diameters are needed for room temperature

ARB synthesis of even modest sheets of nanolaminates. Further, attempts at

Los Alamos National Laboratory to ARB process high strength materials such as

duplex stainless steel resulted in the unfortunate and costly scenario in which

plastic deformation occurs both in the workpiece and in the rolling mill rolls.

ARB processing at elevated temperatures would serve to decrease the flow stress

of the workpiece, decrease the threshold reduction for bonding, and reduce the

tendency for edge cracking and the associated material losses. Therefore, the

effects of ARB processing at elevated temperature should be explored, with par-

ticular emphasis on the effects of temperature on the co-deformation of material

systems of interest. For the case of Cu-Nb laminates, the disparity in melting

point and the different temperature dependencies of the flow stresses may in-

crease the tendency for loss of layer continuity, yet there may be a temperature

range which substantially lowers the flow stress and the threshold reduction for

bonding without promoting layer instabilities. Further, for material combina-

tions that cannot be processed at room temperature without layer fragmenta-
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tion, high temperature processing may enable successful nanolaminate synthe-

sis. For systems where diffusion or intermetallic formation is expected, either

careful selection of processing temperature or the addition of a third material to

serve as a diffusion barrier may be necessary.

Additional investigation is also required to explore the role of extreme

grain aspect ratios in altering slip system activity and imparting mechanical

anisotropy. Compared to the effects of crystallographic texture, the effects of

grain morphology are not well understood. While the correlation of increasing

grain aspect ratio with increasing anisotropy in Cu-Nb nanolaminates is sugges-

tive, analysis of this system is complicated by the dual-phase microstructure and

the presence of heterophase interfaces. Analysis of simpler model systems, such

as severely deformed single phase Nb would be desirable. The high threshold

for dynamic recrystallization would enable significant grain aspect ratios to de-

velop during either single phase ARB processing or other SPD processing such

as equal channel angular extrusion. While the use of mean field, or even crys-

tal plasticity, modeling would still be required to decouple the effect of grain

morphology from that of deformation texture, this modeling would be consid-

erable simpler for a single phase material. A better understanding of the effects

of grain morphology would enable more accurate predictions of the constitutive

behavior of severely deformed materials.
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Finally, additional analysis of the kink band formation process, as well as

further development of the analytical kink band model, is needed. While the

work described in Chapter 5 has laid the groundwork for future investigations

by showing that the deformation associated with kink band formation is volume

preserving and, in an average sense, must conform to simple shear parallel to

the kink band boundary, the effects of potential inhomogeneous strains at the

layer length scale must be explored. The stable growth of kink bands in these

nanolaminates suggests that this information could be obtained experimentally

through high magnification in situ DIC SEM tests. Alternatively, numerical stud-

ies using tools such as finite element analysis could provide insight into potential

heterogeneous deformation at the layer length scale, work that is in fact already

underway. Conducting in situ observations of dislocation motion during kink

band formation would also be desirable, potentially providing insight into the

sources of the plastic anisotropy that drives kink band formation as well as the

mechanisms through which this nanolaminate material accommodates the large

strains during kinking.

Further development of the analytical model presented in Section 5.5 is also

needed. A pressing question is what happens when, for high levels of anisotropy,

the yield functions of both the material within the kink band and the non-kinked

material surrounding the kink band are satisfied. Compatible plastic strain rate
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increments must be obtained for the entire sample and analyzed to determine

whether a fully formed (φ → 2β) kink band can develop. Finally, while the

analytical model has shown remarkable success in predicting the observed fea-

tures of kink bands, it should be determined whether relaxation of the constraint

that deformation be homogeneous changes the model predictions. This model

validation would likely require the use of numerical tools to simulate inhomo-

geneous deformation at the layer length scale.
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